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CHAPTER 1. GENERAL INTRODUCTION 
1.1 Introduction 
Deformation processed metal-metal composites (DMMCs) are composites formed by 
mechanical working (i.e., rolling, swaging, or wire drawing) of two-phase ductile metal 
mixtures. Since both the matrix and second phase are ductile metals, the composites can be 
heavily deformed to reduce the thickness and spacing of the two phases. Much research work 
[1-12] has been conducted on these composites in recent years because of the unique 
properties they possess compared to conventional materials. During mechanical deformation, 
the two phases co-deform together, which results in a fibrous microstructure (when 
axisymmetrically deformed such as extrusion, wire drawing) or lamellar structure (when 
rolled) of the second-phase metal within the matrix. These composites were initially referred 
to as "in situ composites" because the microstructure is formed within the specimen as it is 
deformed. 
The composites can be prepared either by a melting-casting technique or a powder 
metallurgy process. The casting method can be employed when the two metals are miscible 
as liquids but immiscible as solids. The powder metallurgy method can be used for 
composites of elements with disparate melting points or unfavorable equilibrium phase 
diagrams. 
Many DMMCs consist of a face centered cubic (fee) matrix such as Cu or A1 with a body 
centered cubic (bcc) second phase such as Nb or Ta. Cu-X (where X=Nb, Ta, Cr, W or Fe) 
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DMMCs are the most thoroughly studied systems [1-7]. Bevk et alia [1] first reported a Cu-
Nb DMMC with an ultimate tensile strength of 2200 MPa at a deformation true strain of 
11.5. The deformation true strain is characterized by a parameter T|=ln(Aj/Af), where A, and 
Af are the specimen's initial and final transverse areas respectively. Besides very high tensile 
strength, the Cu-Nb DMMC's also display good electrical and thermal conductivity. The 
typical microstructure of fcc/bcc DMMC's is a convoluted ribbon shaped second phase 
embedded in the matrix, resulting from a <110> wire texture in the second phase, which 
limits the deformation of the second phase to plane strain. 
In the 1990's, research was conducted on DMMC's with hexagonal close packed (hep) 
metals including Ti-Y[8,9], Mg-Ti [10], Al-Ti [11] and Al-Mg [12]. Russell et alia reported a 
Ti-Y DMMC with a tensile strength of 950MPa at r|=7.3. The hep second phases display a 
< 1010 > fiber texture when axisymetrically deformed, which limits them to plane strain. 
Unfortunately, the Ti-Y DMMC cannot tolerate higher deformation due to the geometric 
impossibility of deforming two plane straining metals in a cylindrical shape of decreasing 
radius. For fcc/hcp DMMC's such as Al-Ti [11] and Al-Mg [12], the microstructures are 
quite similar to that of fcc/bcc DMMC's, since the < 1010 > fiber texture of hep metals 
results in the same plane strain phase shape as that seen in bcc metal. 
Research has also been performed on fcc/fcc DMMC's. A Cu-Ag DMMC [13] studied by 
Frommeyer et alia and a Au-Ag DMMC [14] studied by Russell et alia have been reported. 
The typical microstructure for fcc/fcc DMMC's is cylindrical second phase filaments 
embedded in the matrix. In a fee metal's unit cell, axially symmetric flow can readily occur 
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with either <111> or <001> fiber texture due to the large number of slip systems present to 
accommodate plastic flow. Therefore, no plane strain mode is observed in fcc/fcc DMMC's. 
1.2 Cu-X Composites 
In the early 1970s, a new class of copper-refractory metal composites (Cu-X composites) 
was developed with extraordinary electrical and mechanical properties [1-7]. These 
composites are comprised of FCC copper with 10-30% of Nb, V, Ta, Cr, or Fe. Nanometer-
scale filaments (when drawn) or lamellae (when rolled) of the secondary phase embedded in 
the matrix were produced after heavy deformation. The Cu-20%Nb composite is the most 
thoroughly studied of these composites. The initial emphasis for this material was 
development of Cu-NbjSn superconducting wires [15-17]. More recent research focuses on 
their unique mechanical properties, which develop with the deformation processing. For 
axisymmetrically deformed wire materials, the deformation true strain can be calculated as 
r|=ln(Aj/Af), where A; and Af are the specimen's initial and final transverse areas 
respectively. For sheet materials, the effective deformation strain can be written as r|e=(2/V3) 
In (to/t), where to and t are the initial and final thickness of the sheet respectively [18]. 
The Cu-X composites possess unique mechanical and electrical properties. A starting 
billet can be wire drawn to a deformation true strain as high as r|=13.4 without breaking, 
which means a 99.99985% reduction in area [19], indicating exceptionally high ductility of 
the composites. This reduction in area means 800-fold reduction in diameter, which is 
accompanied by a corresponding reduction in the size and spacing of the second phase. The 
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extraordinary strength of these composites drew the attention of many scientists and 
engineers. In conventional composites, a rule of mixtures (ROM) is often used to calculate 
the properties of composites based on the properties of the individual components. For a 
binary structure with components A and B with volume fractions Va and VB and properties 
Fa and FB, its property F is given by: F= VA FA+ VB FB. But metal matrix composites in 
which the second phase is finely dispersed in matrix can have properties that deviate strongly 
from the ROM. The tensile strength of a deformation-processed metal matrix composite can 
be much higher than the strengths predicted from ROM. Figure 1.1 shows the ultimate 
tensile strength for Cu, Nb and Cu-20Nb, as well as the ROM predictions for the Cu-20Nb 
composite [20]. Cu-20Nb composite wire is much stronger than the ROM prediction for this 
composite. Many studies have been done to find the reason for this substantial strength, most 
of the research centered on the strengthening mechanism. The fine filamentary 
microstructure was thought to impede the propagation of dislocations in both the matrix and 
the second phase, which leads to the substantial strength of the composites [21-24]. 
Figure 1.2 shows the typical microstructure of heavily deformed DMMC rod and sheet 
materials. Rolling produces ribbon-shaped filaments that are parallel to the rolling plane in 
sheet materials. Convoluted filaments in rod materials can be obtained by extrusion, swaging 
or wire drawing. These filaments are characterized by high aspect ratios. A TEM 
micrograph of a DMMC Cu-20Nb wire with the folded ribbon morphology is shown in 
Figure 1.3. Because the Nb is a body centered cubic metal, it will develop a <110> texture 
during deformation processing, after which plane strain conditions are produced [25]. 
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Figure 1.2. Filament morphology typically seen in transverse sections of DMMC's. The 
ribbon-shaped filaments (A) are most common in heavily deformed rod materials and the 
longitudinal filaments (B) in sheet materials. 
Figure 1.3. TEM conical scanning dark-field image of a transverse section of wire made from 
Cu-20vol.%Nb alloy drawn to r|=9.8. The bright filaments are Nb and the dark matrix is Cu. 
1.3 Ti, Mg, A1 and Au DMMCs 
In the early 1990s, Ames Laboratory of Iowa State University began to prepare DMMCs 
with metals other than Cu. The candidate metals were those considered to possess good 
ductility, mutual immiscibility and roughly similar mechanical properties. One example for a 
hcp/hcp DMMC is Ti-Y composite [8,9]. A Ti-20Y composite was extruded and wire drawn 
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to a deformation ratio of rj=12.8 with 700°C annealing to relieve stress after each 60% 
reduction in area. The as-cast microstructure is shown in Figure 1.4, from which two 
immiscible metal phases can be seen. With increasing deformation, the composite showed a 
gradually finer microstructure. The mechanical deformation changed the dendrite structure 
into a filamentary structure, which was similar to that observed in the Cu-X DMMC 
composites. 
The size and spacing of the ribbon-shaped filaments decreased with increasing 
deformation, which results in a nanofilamentary microstructure, as shown in Figure 1.5. The 
average thickness of Y phase at rj=7.27 is 41nm. 
Figure 1.4. Scanning electron microscope (SEM) back-scattered electron micrograph of as-
cast TÎ-20Y. The dark phase is Ti; the light phase is Y (pitted in places by the polishing 
agents). 
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Figure 1.5. Conical scan dynamic dark field TEM micrograph of Ti-20Y deformation 
processed by extrusion, swaging, and drawing to r|=7.27 and sectioned transversely. 
When r|>9, the Ti and Y phase developed an equiaxed structure resulting from 
recrystallization during the stress relief annealing. The annealing was used to prevent 
breakage during the cold working. The large surface area between the matrix and filament 
phases provides a large driving force for the recrystallization process. Filamentary structure 
similar to that previously observed was produced when the r\=9 material was further 
deformed, but there was not a significant increase in the material's strength. 
The ultimate tensile strength of the Ti-20Y composite wire was more than tripled by 
deformation processing to r\=7.27, at which point the ribbon-shaped filamentary structure 
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was still observed. At a higher deformation ratio, the tensile strength decreased because the 
phases recrystallized into an equiaxed structure. Ductilities of Ti-20Y composite ranged 
from 36% to 60% reduction in area at the fracture surface. Compared to pure Ti, the 
machinability of the Ti-20Y was also improved. It was qualitatively similar to that of mild 
steel; the improvement in machinability results from the presence of the "chip-breaking" Y 
phase. 
Jensen and Chumbley produced Mg-Fe DMMC's at Ames Laboratory [26, 27]. The 
starting billets were prepared by infiltration casting method in which Fe mesh was immersed 
into Mg melt. There were two compositions for their DMMC's. One was hep Mg-4wt%Li 
matrix with 27% Fe, the other was bcc Mg-12wt%Li with 21%Fe. Both composites had 
tensile strength around 330MPa. Russell [28] prepared three hep Mg based DMMCs 
containing 20 vol.% Ti, Nb, and Fe respectively by a powder metallurgy method. The tensile 
strength was about 320MPa. The composites did not lose room temperature tensile strength 
after exposure to a high temperature of 400°C for 500 hr. 
A1 based DMMCs have been produced as well. Thieme, et al at M.I.T [29] reported an 
Al-20vol.%Nb DMMC. The microstructure and work hardening behavior were quite similar 
to those in Cu-20Nb DMMC. The plane strained Nb phase was almost identical in 
appearance to the Nb phase in Cu-20Nb DMMC. A tensile strength of 1030MPa was 
achieved at a deformation true strain of rpll. The lower tensile strength of Al-20Nb vis-à-
vis the Cu-20Nb was thought to result from the lower strength of the high-purity A1 matrix. 
Russell, Lund and Chumbley [10] at Ames Laboratory produced an Al-20Ti DMMC with 
a maximum tensile strength of 890MPa and electrical resistivity of 43nQm. The ratio of 
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strength over resistivity is higher than that of any commercially available A1 precipitation 
hardening alloy. Annealing the DMMC at 400°C made A1 react with Ti and form AlgTi 
intermetallic. The nano-phase filamentary microstructure was retained after the reaction. 
Xu and Russell [31] at Ames Laboratory also conducted research on Al-20Mg and Al-
13Mg DMMCs. The hep Mg second phase also assumed a convoluted, ribbon shape due to a 
plane strain mode. A tensile strength of around 310 MPa was reported. The heavy 
deformation results in a reduction in Mg filament spacing (at) and the dependence of 
strength (MPa) on this spacing is: 
UTS=585at"0'61 forAl-20Mg. 
UTS=498at"054 forAl-13Mg 
Russell et al [14, 32] reported Au based DMMCs including Au-7Ag, Au-10Ag, Au-14Ag 
and Au-7Pt. Tensile strengths between 500 MPa to 580MPa were achieved at deformation 
true strain of 5 to 6. An interesting thing about these DMMCs is that their electrical 
resistivity was only slightly higher than that of pure Au, which makes them interesting 
candidates for interconnects for the microelectronics industry. 
1.4 Texture effects in deformation 
When metals are deformed, the crystallographic planes and directions of easiest slip are 
typically seen to tilt to positions that allow the lowest energy deformation. The orientation of 
some planes or directions becomes clustered instead of a random distribution. This 
phenomenon is usually referred to as "texture". 
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Deformation processed composites are highly textured, which has been confirmed by X-
ray diffraction, orientation image microscopy (OIM), transmission electron microscopy 
(TEM), etc. Biselli and Morris [33] conducted texture study in a Cu-10Fe DMMC. It was 
found that the bcc Fe filaments take a strong <110> fiber texture, in which the <110> 
directions of individual Fe grains lie parallel to the drawing direction. This <110> fiber 
texture is characteristic of axisymmetrically deformed (extrusion, swaging, wire drawing) bcc 
metals [25]. According to Bisselli and Morris, the Cu matrix showed a texture of <001> and 
<111> with the preponderance of crystal grains in <001> orientation at low deformation 
ratio. This is similar to axisymmetrically deformed pure Cu, where about 25%-35% of texture 
is <001> and the balance is in a <111> orientation [34]. As the deformation progressed to 
higher r\ values, the fraction of <111> increased. The proportional division between <001> 
and <111> texture in fee metals is dependent upon stacking fault energy [35]. Many studies 
at Ames Laboratory have measured various Cu-X DMMCs. Verhoeven et al [36] observed 
<111>/<001> fiber texture in Cu matrix and <110> fiber texture in bcc second phases by 
TEM electron diffraction. In a Cu-20Nb DMMC, Pelton et al [37] found a <110> fiber 
texture in Nb and a mixed texture of <111> and <001> in Cu matrix. 
All these data led to the conclusion that in fcc-bcc DMMCs, the bcc second phase will 
assume a <110> texture, and the fee matrix will assume a mixed texture of <111> and 
<001>. 
In a bcc unit cell, the closest packing direction is <111>. The most closely packed family 
of planes is {110}. But other low index planes such as {112} and {123} are almost as closely 
packed. Therefore, they can also act as slip planes. Generally, bcc metals slip in the <111> 
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direction with cross slip on one or more of these three slip planes. In a fee unit cell, plastic 
flow occurs easily with either <111> or <001> fiber texture since each orientation has three 
or four slip systems respectively to accommodate the plastic flow. 
When a polycrystalline bcc metal was axisymmetrically deformed, the <110> direction 
will align along the specimen's cylindrical centerline to maximize the critical resolved shear 
stress for the <111> slip direction on low index slip planes. Hosford [25] explained the 
texture in bcc metals as shown in Figure 1.6. In a bcc crystal with a <110> texture, two of the 
four <111> directions (the [111] and [111] directions) are perpendicular to the fiber axis and 
thus cannot slip. Only the remaining two <111> directions ([111] and [111]) which lie 
opposite one another across the specimen centerline can slip. These two directions will 
elongate along the [Oil] direction when deformed, but in doing so, they have to contract in 
the [100] direction. Therefore, the bcc second phase is limited to plain strain since the shape 
change of bcc crystals is confined to one plane [1, 25]. 
In fcc-bcc DMMCs, the bcc second phase behaves in the same manner as in a pure bcc 
specimen; <110> fiber texture formation and plane strain still occur because this is the lowest 
energy deformation mode. But the bcc metal is surrounded by fee matrix. As a result, the 
flattening of the bcc second phase by plane strain is constrained by the fee matrix, which 
causes the curling and folding of the bcc filaments as a characteristic of fcc-bcc DMMCs. 
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Figure 1.6. Schematic diagram of the four slip directions in a BCC crystal with a <110> 
referred orientation. Only two of the four <111> directions can accommodate extension 
parallel to the wire axis, resulting in plane-strain deformation. [1, 25] 
In the hep Ti-20Y deformation processed composite, the < 1010 > fiber texture in both Ti 
and Y was observed, which limited both the Ti matrix and Y second phase to plane strain. 
The available slip systems in a hep crystal with a < 1010 > fiber texture are similar to that in 
a bcc crystal with a <110> fiber texture. Compared to a fee lattice with three or four slip 
directions, both hep and bcc are limited to two slip directions which are opposite to each 
other across the rod center line. Both will develop a plain strain phase within the composite. 
Therefore, the hep DMMC will undergo the same filament shaping processes that have been 
observed in the bcc filaments of the Cu-X composites. Ribbon-shaped phases will be seen in 
both the Ti and Y since both the Ti and Y are limited to plain strain in the < 1010 > fiber 
texture. 
As mentioned in section 1.3, the Ti-20Y composite developed an equiaxed structure 
resulting from recrystallization during the stress relief annealing at deformation true strains 
larger than 9. The Ti-20Y composite either recrystallized at high annealing temperature or 
broke during deformation if low annealing temperature was used, making it difficult to 
compare the properties of Ti-Y with Cu-X composites at high r| values. The possible reason 
for Ti-2OY's inability to undergo large strains is the geometric difficulty of fitting a composite 
containing 100% plain straining phases into a cylinder whose radius diminishes as 
deformation progresses. Assuming no volume change in deformation, a phase deformed by 
plane strain to a total strain of r)=5 would elongate to 150 times its original length and reduce 
its thickness by more than 99%. Fitting such plane straining ribbons into a cylindrical 
specimen is may be impossible even with the folding possible by basal slip [38]. 
1.5 Strengthening models of DMMCs 
The exceptional high strength is one of the noteworthy properties of DMMCs. Models 
have been developed by scientists and engineers to explain the strengthening mechanisms of 
DMMCs and to correlate the strength, deformation true strain, and phase thickness and 
spacing. 
Until now, three models may be considered representative of the many have been 
proposed. They are: 
• The dislocation substructure incompatibility model by Courtney and Funkenbusch. 
• The Hall-Petch barrier model proposed by Spitzig, Verhoeven, and Chumbley. 
• The modified linear rule-of-mixture model of Raabe and Hangen. 
Courtney of Michigan Technological University and Funkenbusch of University of 
Rochester offered a model which took substructural dislocation cells within a single phase 
(e.g., Cu in Cu-X DMMCs) as the strengthening sources [20, 23, 39-41]. Because the two 
metals are deformed together, large numbers of dislocations are formed due to the greater 
strain incompatibility of the two phases. These dislocations act as "walls" which separate 
each phase into many sub-cells. Therefore, it is exceedingly difficult for other dislocations to 
generate or move, which leads to the high strength in these DMMCs. Bevk [1] reported the 
presence of sub-cells of dislocation tangles in Cu-Nb DMMC. Embury and Fisher [42] also 
found a similar phenomenon in pearlite to support this explanation. Everett [43] proposed 
further evidence to corroborate this model. Nano-scale composites have been prepared by 
non-mechanical methods, and their strength was almost an order of magnitude lower than 
DMMCs of the same composition. The proponents of the dislocation substructure 
incompatibility model argue that the only difference between the microstructures of these two 
specimens is the much higher dislocation density in the DMMC specimen, hence it is the 
dislocations that cause the high strengths seen in DMMC's. 
Based on work in Cu-X DMMCs, Spitzig et al [6, 24, 44-47] at Iowa State University put 
forth a barrier strengthening model. The Cu matrix underwent dynamic recovery and 
recrystallization during deformation according to their TEM observation. The dislocation 
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densities measured by TEM ranged from 1010 to 10u cm"2 in Cu phases, which was 
surprisingly low considering the degree of deformation. Large, equiaxed grains can be seen as 
well as small regions containing dislocation cells even in the highest r\ specimens. Therefore, 
Spitzig, et al, proposed the Hall-Petch barrier model. During axisymmetric deformation, the 
plane strained second phases develop into convoluted, ribbon-shape-like filaments with nano-
scale spacing, which inhibits the motion of dislocations and gives high strength to DMMCs. 
Recently, Raabe and Hangen [48-53] from Institut fur Metallkunde and Metallphysik in 
Aachen, Germany developed a modified liner rule-of-mixture model. In this model, the sum 
of volumetric weighted averages of the individual pure metal and a Hall-Petch type 
contribution resulting from fcc-bcc grain boundaries contribute to the strength of DMMCs. 
The Hall-Petch term can be calculated from Sevillano's expression [54] for the critical stress 
for dislocation movement between two impenetrable walls. This model gave the best 
agreement between theoretical predictions and experimental results. 
1.6 Electrical properties of deformation processed composites 
Previous studies [2] showed that deformation processed Cu-X (where X is a bcc metal) 
composite possessed a better combination of strength and electrical conductivity than that of 
commercially available Cu alloys. If there is significant solubility of the X metal in Cu, the 
electrical conductivity will decrease sharply. Kim, et alia [55] showed the conductivity of 
Cu-15 vol%Cr decreased monotonically with temperature upon heating, except over a 400-
500°C temperature. The increased conductivity was believed to result from precipitation of 
Cr. The electrical properties of Al-20 vol%Ti were also studied [30]. The Al-20Ti composite 
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did not lose strength even after 24 hours heat treating at 473K. This DMMC possessed a 
much higher UTS:p ratio than any commercial A1 alloys. The electrical resistivity of Al-20Ti 
was measured for a r|=12.1 specimen as a function of heating and cooling. As the 
temperature increased to around 340°C, the A1 reacted with Ti, which resulted in the change 
in electrical resistivity (Figure 1.7). Russell, et al [14, 32] produced a series of Au-based 
DMMCs to combine high strength with high electrical conductivity. For an Au-10Ag 
DMMC, an ultimate tensile strength of 550MPa was reported at a deformation true strain of 
5.6, which is four times stronger than that of pure gold (130MPa). Meanwhile, the electrical 
resistivity is only 8% higher than that of pure gold. 
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340°C in the heating curve is thought to correspond to the reaction to form AlgTi from the 
pure metallic elements. 
It is not surprising that DMMCs have much higher UTS: p ratio than that of precipitated 
hardened alloys. The matrix of the DMMC is 99.99% purity metal without solid solution or 
GP zones. Although the electrical resistivity of some second phase metals is larger than that 
of the matrix (e.g. Ti has relatively poor electrical conductivity), 80% of the cross sectional 
area of the DMMC is long strands of high-purity metal, which allows the electrons to pass 
with minimal scattering. 
1.7 Elevated temperature behavior of DMMC's 
There is enormous interphase boundary area within the two phases of DMMCs due to the 
nano-scaled phase size of DMMCs. This interphase boundary area provides a large driving 
force to minimize phase surface energy by phase size coarsening. 
Courtney et al [56, 57] performed high temperature experiments on the coarsening 
behavior of Cu-14Fe DMMC at 800°C. It was found that the Fe phase would first assume a 
parallel cylinder microstrature, then the cylinders changed into a "string of pearls" and 
eventually they became more randomly located spherical particles. Several models were put 
forth to explain the shape instability at high temperature. Three types of instabilities 
developed by: 
• Cylinderization via recession of edge terminations. 
• Boundary splitting via thermal grooving of through-thickness boundaries. 
• Edge spheroidization via the ovulation of ridges formed by edge termination 
recession. 
The dominant instability mode is determined by the plate cross sectional aspect ratio and the 
boundary-to-interface energy ratio. 
Because of the coarsening behavior at high temperature, some DMMCs tended to lose 
strength when exposed to elevated temperature. Spitzig, et al at Ames Laboratory of Iowa 
State University studied Cu-20Nb and Cu-20Ta DMMCs [58]. It was found that these 
DMMCs lost only a small amount of strength at 300°C, but they lost more strength between 
300°C to 600°C. However, the two DMMCs were still stronger than conventional 
commercial Cu alloys over the entire temperature range. The reason for this is that the second 
phases had very high melting points (Tm> Nb=2470°C, Tm, Ta=3000°C), which retard the 
boundary diffusion for phase coarsening. 
1.8 DMMCs with larger dimensions 
The main obstacle to putting DMMC wire and sheet into industrial application is the 
small dimension of those DMMCs. Only very few applications (e.g., Au-Ag DMMC for 
computer chips as interconnect wire) need small diameter wire DMMCs. Many methods have 
been tried to obtain large dimension DMMCs. 
One way to increase the size of DMMCs is called the "bundling" process. In this process, 
many small rods are bundled together (or thin sheets are stacked together) and co-deformed. 
These small rods or thin sheets bond together during the co-deformation. Therefore, large 
size DMMCs with ultra-fine microstructures can be obtained. To achieve good bonding 
between individual rods or sheets, the surface of rods or sheets must be cleaned thoroughly. 
Even with thorough cleaning, the presence of oxide layers can cause erratic bonding quality, 
particularly in A1 and Ti matrix DMMC's. 
The second way to get ultra-fine microstructure is to start with a large workpiece made by 
mechanical alloying (MA). The starting powders are mechanically alloyed to obtain very fine 
phase sizes (<l|im) before any deformation. Since the billet before deformation has ultra-fine 
phase sizes, only very few steps of deformation can achieve almost the same phase sizes as 
the DMMCs being deformed to very high r| values. The cost of MA is higher than 
conventional powder metallurgy or casting methods, but the superior performance of the 
material may justify the higher cost. 
The most viable method to obtain a large workpiece with ultra-fine microstructure is 
equi-channel angular extrusion (ECAE) [59, 60, 61]. The billet is passed through an angular 
die which forces the metal to change flow direction abruptly, and the metal is sheared 
heavily as shown in Figure 1.8. By passing the billet through the angular die repeatedly, 
nano-scaled microstructure can be obtained, but the dimensions of the billet remain 
unchanged. The largest ECAE die can extrude an A1 billet of 32 kg. 
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Figure 1.8 Schematic drawings showing the ECAE process, (a) The billet is extruded through 
an angled die (2^=90° in this diagram), causing the original cube element abed to deform by 
simple shear to the parallelepiped a'b'c'd'. Since the cross-sectional areas before and after 
extrusion (A) are equivalent, the billet can be subjected to multiple passes through the same 
die. (b) Depiction of the extruded billet showing deformed and undeformed regions and the 
definitions of the principal billet planes [61]. 
1.9 Purpose of the research 
DMMC materials have several advantages such as high strength, good electrical 
conductivity, and good formability over conventional metal matrix composites. Therefore, 
deformation processing provides us an alternate way to develop commercial materials. 
One purpose of this research is to find a high-strength, lightweight, low-corrosion 
composite which can be used in structural applications such as automotive or bearing 
industries. To achieve this purpose, an Al-20vol.%Sn was chosen. Aluminum was selected 
because of its good ductility, light-weight and high corrosion resistance. Until now, no 
research has been conducted on DMMCs whose second phase is not fee, bcc or hep. Tin has 
excellent ductility, rather low strength, and a body-centered tetragonal (bet) crystal structure. 
In this study, a DMMC with fee matrix A1 containing bet Sn second phase will be studied to 
explore the role of second phase filaments in strengthening DMMCs. The effects of bet Sn on 
microstructure and texture will be another point of interest. The relationship between 
properties and microstructures in this fcc/bct composite will also be studied to see if a useful 
engineering material might result. The possibility of producing a lightweight, strong 
composite has provided an impetus for the research presented here. 
1.10 Dissertation organization 
This dissertation consists of a general literature review and original manuscripts 
submitted for journal publication. References cited within each manuscript were placed 
immediately after each paper. 
Chapter 1 is a "literature review". This chapter summarizes the development and history 
of deformation-processed metal metal composites (DMMC's). Typical families of DMMC's 
and their properties are introduced. 
Chapter 2 is "Experimental procedures", which describes the preparation of Al-20Sn 
samples and all testing methods including microstructure observations and mechanical 
testing. 
Chapter 3 is " Microstructure evolution of a Deformation Processed Al-20%Sn In-situ 
Composite". The manuscript was published in Journal of Materials Science (37, 2002, 
p5209-5214) titled "Microstructure and Strength of a Deformation Processed Al-20%Sn In-
situ Composite". The authors were Kai Xu (graduate student and primary researcher), K. 
Wongpreedee (graduate student), and A. M. Russell (major professor), who are associated 
with the Department of Materials Science & Engineering at Iowa State University and the 
Ames Laboratory of the US Department of Energy (DOE). This manuscript described the 
microstructure of deformation processed Al-20Sn composites and discussed the 
spheroidization phenomenon observed in Al-20Sn composite. 
The second manuscript, presented in Chapter 4, is "Mechanical strength and 
strengthening of a deformation processed Al-20Sn in-situ composite", which was submitted 
to Acta Materialia for publication. The authors were Kai Xu (primary researcher), K. 
Wongpreedee, and A. M. Russell. This manuscript studied the mechanical properties of 
deformation processed Al-20Sn composites and discussed the strengthening mechanisms for 
the DMMC. 
The third manuscript in Chapter 5 is "Thermal instability of a Deformation Processed Al-
20%Sn Composite", which will be submitted to Metallurgical and Materials Transactions A 
for publication. The authors were Kai Xu (primary researcher), K. Wongpreedee, and A. M. 
Russell. This manuscript studied the microstructure evolution of deformation processed Al-
20Sn composite at elevated temperature. The primary shape instability mechanisms were 
discussed based on thermodynamics and kinetics. 
The fourth manuscript in Chapter 6 was "Texture-Strength Relationships in a 
Deformation Processed Al-Sn Metal-metal Composite", which will be submitted to Materials 
Science Engineering A for publication. The authors were Kai Xu (primary researcher) and A. 
M. Russell. This manuscript studied the texture development of Al-20Sn composite and 
compared different Al-based DMMCs. 
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CHAPTER 2. EXPERIMENTAL PROCEDURES 
2.1 Material preparation 
Powder Metallurgy (P/M) offers a unique way to produce composite materials [1]. 
Compared to traditional casting, P/M technology has several advantages: 
• Low working temperature 
• Uniform distribution of particles 
• No segregation 
• In-situ formation of strengthening phases 
Extrusion combined with P/M approach can make composites with unique 
microstructures. When two metal powders are mixed and extruded, long fibers with large 
aspect ratios form. If the previously extruded fibers are rebundled and extruded again, this 
process is capable of producing extremely fine filamentary microstructures [2], 
In this study, Powder Metallurgy and deformation processing were utilized to produce 
composites with fine microstructures. High purity (99.99%) A1 powder was produced by the 
gas atomized rapid solidification (GARS) method by Ames Laboratory. The particle size of 
A1 powder is 45-75^m. The A1 particle shape is spherical as shown in Figure 2.1. Sn powder 
was bought from Alfa Aesar company. The purity of Sn powder is 99.80% and the Sn 
particle size was smaller than 325mesh (Figure 2.2). The two powders were blended together 
with a composition of 80vol.% Al-20vol.% Sn, which is referred to as Al-20Sn hereafter. The 
powders were cold isostatically pressed (CIP'ed) at 130MPa. The 37mm diameter green 
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compacts were loaded into an oxygen-free, high conductivity (OFHC) Cu can (outside 
diameter 50.8mm) which was soldered shut and evacuated. The reasons for evacuating the Cu 
can are as follows [3]: 
• Isolation of the green compact from atmosphere and extrusion lubricant. 
• Improving metal flow and reducing friction between the die and billet by correct can 
material selection 
• Separating the extruded billet from the extrusion die and region of highest shear 
Figure 2.3 [3] shows the preparation of the billet for extrusion. The green compact was 
put into a copper can and evacuated. During active vacuum pumping, the tube was welded 
shut. 
Figure 2.1 SEM micrograph of aluminum powder produced by Ames Laboratory using the 
gas atomized rapid solidification (GARS) process. 
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Figure 2.2 SEM micrograph of tin powder purchased from Alfa Aesar. 
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Figure. 2.3 Evacuation and sealing of powder extrusion billet [3]. (a) Billet with evacuation 
tube leading to vacuum pump, (b) Billet with sealed tube. 
2.2 Mechanical deformation 
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The copper can and enclosed specimen were extruded at room temperature through a 
25.4mm diameter die followed by water quenching to remove the heat generated by the 
extrusion as shown in Figure 2.4. According to the Al-Sn phase diagram (Figure 2.5), liquid 
phase will form at temperatures above 501.3K. For this reason, the extrusion needs to be 
conducted at room temperature (373K). 
Cu can 
Ta foil 
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Figure 2.4 Schematic of preparation and extrusion of Cu can. 
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Figure 2.5 Al-Sn phase diagram [4], 
The deformation true strain of the specimen was calculated based on the equation r|=21n 
(dO/df), where do and df are the initial and final specimen diameter respectively. The extruded 
Al-20Sn rod with Cu sleeve was swaged at room temperature to a diameter of 7.62mm 
(r|=3.20). At this point the Cu layer was removed by machining. The bare Al-20Sn was 
swaged to a diameter of 3.0mm (r|=4.40), then wire drawn eventually to a diameter of 
0.48mm (rj=7.41). The material was ductile and easily drawn, but deformation was 
terminated at r|=7.41 due to the small size of the wire. Metallography coupons and two 
tensile specimens were cut from each specimen at deformation true strains of r|=3.2, 4.4, 5.5, 
6.1, 6.4 and 7.4. This group of specimens was stored at room temperature after deformation 
processing, which showed spheroidization after being stored a prolonged time (-months). In 
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order to avoid spheroidization, another group of specimens was deformation processed with 
the same procedure, but these specimens were stored at 248K immediately after deformation 
processing to prevent microstructure change during storage between experimental steps. 
2.3 Mechanical Testing 
Tensile tests were performed for specimens with r|=3.2, 4.4, 5.5, 6.1, 6.4 and 7.4 for Al-
20Sn following ASTM standard E8 [5], which requires a 4:1 ratio between the gauge length 
and specimen diameter. Non-standard tensile specimens were used for some high 
deformation ratio samples with a diameter less than 1.0mm. For smaller diameter wires with 
r|>6, tensile specimens were made by embedding the wire ends into Cu sleeves using 
adhesive followed by deforming the Cu sleeves. The specimen gauge length was polished 
with a 600-mesh abrasive paper to eliminate lathe tool marks on the gauge length surface. All 
the tensile tests were performed on an Instron 4505 tensile test machine at room temperature 
with a strain rate of l.Omm/min (when r|<6), and 0.15mm/min (when r|>6). At least two 
tensile measurements were made for each specimen whenever possible. For all the 
specimens, their ultimate tensile strength (UTS) was calculated from the applied maximum 
load and the initial cross sectional area of the specimen (UTS=load /area). 
2.4 Microstructure observation/analysis 
The microstructure of this Al-20Sn DMMC was observed with an Amray 1845 field 
emission gun scanning electron microscopy (SEM). 
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SEM specimens were made at the deformation ratio of r]=3.2, 4.4, 5.5, 6.1, 6.4 and 7.4 
for Al-20Sn. SEM specimens were prepared by standard metallographic methods including 
mounting and polishing. No etching was needed since the atomic numbers of A1 and Sn are 
significantly different, which meant good contrast in the back-scattered electron imaging 
mode in the SEM. Both transverse and longitudinal sections were made for all the specimens. 
Quantitative stereology described by Underwood [6] was used to determine the size and 
spacing of Mg filaments at different deformation true strains. The filament spacing was 
calculated from SEM photographic prints using a circle of 50mm diameter, and then counting 
the number (NL) of filaments that intercepted the circle. 
In this study the mean true spacing was measured using: 
at = ar/2 =1/2Nl 
where at = mean true spacing, ar = mean random spacing (or mean center-to-center spacing) 
and Nl = number of filaments intercepted per unit length of test line. The mean free path X 
(or called filament spacing) between the filaments is given by: 
X= (1 - Vf)/NL = Vm/NL 
where Vf is the volume fraction of filaments, Vm is the volume fraction of the matrix and Nl 
is the number of interceptions per unit length of test lines. The average filament thickness (t) 
of the Sn fibers was calculated based on the following equation: 
t = (1 - Vm)/NL = Vf/Nl  
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where Vm is the volume fraction of the matrix, Vf is the volume fraction of fibers, and Nl is 
the number of interceptions with the fibers per unit length of test lines. 
2.6 Orientation Image Microscopy 
Orientation Image Microscopy (OIM) analysis was used to study the texture of Al-20 Sn 
DMMC. The transverse section of Al-20Sn at deformation levels of r\=3.2 were studied. The 
samples were prepared by conventional metallographic methods followed by ion milling for 
about 3.0 hours at a voltage of 3.5KV and with 0.5mA argon ion current. 
An Amray 1845 field emission gun SEM and equipment developed by TexSEM 
Laboratories (TSL) were used to obtain OIM pole figures from electron back scatter 
diffraction patterns (EBSP's). The EBSP's were analyzed using TSL's software running on a 
Silicon Graphics Inc. Indy workstation. The mechanically polished specimens were 
electropolished in chilled perchloric acid to remove the surface layer deformed by mechanical 
polishing. OIM specimens were then ion beam milled to remove surface layer reactant 
products remaining after electropolishing. 
OIM pole figures were acquired using a specimen tilt of 70° and electron beam energy of 
20 kV to produce electron back-scattered Kikuchi patterns that were detected using a TSL 
OIM unit mounted on a field emission Amray 1845 SEM. The respective Euler angles are 
deduced automatically for each pixel in the image, and the corresponding preferred 
orientation pole figures are mapped on the basis of the associated orientation distribution 
function. 
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CHAPTER 3. MICROSTRUCTURE EVOLUTION OF A DEFORMATION PROCESSED 
AL-20%SN IN-SITU COMPOSITE 
A manuscript "Microstructure and Strength of a Deformation Processed Al-20%Sn In-situ 
Composite", published m Journal of Materials Science, 37, 2002, pp. 5209-5214. 
K. Xu*, K. Wongpreedee, and A. M. Russell 
Ames Laboratory of the U.S. Dept. of Energy and Materials Science & Engineering 
Department, Iowa State University, Ames, LA, USA, 50011 
ABSTRACT 
An Al-20vol.% Sn metal-metal composite was deformation processed by extrusion, 
swaging, and wire drawing to a total true strain of 7.4, resulting in a microstructure with Sn 
filaments in an A1 matrix. Both the size and spacing of the Sn filaments decreased as 
deformation processing progressed. The strength of these composites increased 
exponentially with the reduction in spacing of the Sn filaments. Immediately after 
deformation, the Sn second phase showed a convoluted, ribbon-shaped filamentary 
morphology, but the Sn filaments spheroidized during prolonged storage at room 
temperature. A thermodynamic assessment is presented for this spheroidization 
phenomenon. 
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1. INTRODUCTION 
If the flow stresses of two metal phases are similar, severe mechanical deformation of a 
two-phase microstructure of these metals will co-deform the two phases in roughly equal 
amounts. These Deformation-processed Metal Metal Composites (DMMCs) possess 
extraordinary mechanical and electrical properties. Since the filamentary microstructure is 
formed within the composites during deformation, these composites are sometimes called in-
situ composites. 
The typical method of making DMMCs is to prepare starting billets by ingot casting or 
by powder metallurgy followed by rolling or by axisymmetric deformation such as extrusion, 
swaging, and wire drawing. Extensive deformation will produce a composite material with 
elongated filaments aligned parallel to the deformation direction. 
Most of the initial studies on DMMCs were conducted on composites with a face 
centered cubic (fee) matrix containing about 20 volume percent of a body centered cubic 
(bcc) secondary reinforcing phase. Cu-X (where X is a bcc metal such as Nb, Ta, Cr, W or 
Fe) systems [1-9] were the most thoroughly studied. Bevk, Harbison, and Bell [1] first 
reported a Cu-Nb DMMC in the 1970's that was intended to serve as a precursor material for 
production of superconducting wire. A Cu-18 vol%Nb DMMC was made with an ultimate 
tensile strength of 2200 MPa at a deformation true strain of 11.5. This strength level was as 
high as the best Cu whisker strengths. A deformation true strain parameter, r|=ln(A,/Af), was 
used to characterized the degree of deformation, where Aj and Af are the specimen's initial 
and final transverse areas respectively. In Cu-X DMMCs, the bcc second phase developed a 
<110> fiber texture that limits the deformation of the second phase to plane strain [1,10]. As 
a result, the typical microstructure of fcc/bcc DMMC's is a convoluted, ribbon-shaped 
second phase embedded in the matrix. 
In addition to Cu-X DMMCs, other DMMCs with hexagonal close packed (hep) metals 
were reported in the 1990's. Experiments in the Ti-Y system have examined Ti matrix 
DMMCs containing 20% Y and 50% Y. Ti-Y was first hot deformed followed by cold 
deformation with intermediate annealing at 890 K. A deformation true strain of 7.3 was 
achieved with this procedure, and an ultimate tensile strength of 950 MPa was reported by 
Russell, et alia [11, 12]. The Y filaments had a kinked ribbon-shaped morphology similar to 
that of the Nb filaments in the Cu-Nb DMMCs. Both Ti and Y adopted a 
pronounced< 1010 > fiber texture along the wire axis, which limited slip to plane strain just 
as had been observed with the <110> texture in the bcc phases of the Cu-X DMMCs. Other 
DMMCs containing hep metals have since been reported, including Mg-Ti [13, 14], Al-Ti 
[15], and Al-Mg [16]. All hep second phases showed the same ribbon shaped filamentary 
microstructure due to < 1010 > fiber texture of second phases. 
With the exception of early studies on pearlitic steel [17], all the DMMCs that have been 
investigated have used metals with fee, bcc, and/or hep crystal structures. In this study, an 
fee A1 matrix DMMC containing body centered tetragonal (bet) Sn as the second phase was 
produced. Although the material displayed the familiar continuous elongated filamentary 
microstructure in the wire direction immediately after deformation, the microstructure 
spheroidized during prolonged storage at room temperature. 
2. EXPERIMENTAL PROCEDURES 
High purity A1 powder (99.99% purity) with a particle size of 45-75 |im was produced by 
the gas atomization method at Ames Laboratory. Sn powder (99.80% purity) with a particle 
size smaller than 45 jam (-325mesh) was mixed with this A1 powder in a ratio of 80 vol.% A1 
to 20 vol.% Sn, which is hereinafter referred to as Al-20Sn. The powders were cold 
isostatically pressed at 130 MPa after blending. The 37 mm diameter green compact was put 
into a Cu can with an outside diameter of 50.8 mm. The Cu can and compact were soldered 
shut and evacuated followed by extrusion at room temperature through a 25.4 mm diameter 
die. After extrusion, the sample was water quenched immediately to remove the heat 
generated by the extrusion. 
The extruded Al-20Sn rod with Cu sleeve was swaged at room temperature to a 
deformation true strain of rj=3.20 to a diameter of 7.62 mm. The Cu sleeve was removed by 
machining at this point. The bare Al-20Sn was swaged to a diameter of 3.0 mm (rj=4.40). 
Finally, the sample was wire drawn to a diameter of 0.48 mm (r|=7.41). The deformation 
was terminated at r|=7.41 due to the small size of the wire. Metallography coupons and two 
tensile specimens were cut from the material at each of the deformation true strains r|=3.20, 
4.40, 5.54, 6.05, and 7.41. 
Tensile tests were performed for all specimens with r|<6 following ASTM standard E8 
[18]. For smaller diameter wires with r|>6, tensile specimens were made by embedding the 
two wire ends into two small Cu sleeves with adhesive followed by deforming the Cu sleeves 
around the specimen ends to form grips for tensile testing. All tensile tests were done at 
room temperature with a strain rate of l.Omm/min (for r|<6), and 0.15mm/min (for r|>6). 
An Amray 1845 field emission gun scanning electron microscope (SEM) was used to 
observe the Al-20Sn DMMC microstructure. 
3. RESULTS 
3.1 Microstructure characterization 
Figures 1-3 show the microstructures of Al-20Sn DMMC's at different deformation true 
strains. As shown in Figure 1, the Sn phase displayed a convoluted ribbon shape in 
transverse section, which may have resulted from plane strain of the bet Sn. In the 
longitudinal section, the Sn phase was present as long filaments at low deformation true 
strain (Figure 2). With increasing r|, the Sn filaments gradually evolved into partially 
spheroidized particles as shown in Figure 3 rather than the long, continuous filaments 
normally seen in other DMMCs. 
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Figure 1. Transverse section SEM micrograph of Al-20Sn (r|=3.20). The Al matrix is dark 
gray, and the Sn filaments are light gray. 
Figure 2. Longitudinal section SEM micrograph of Al-20Sn (rj=3.20) photographed shortly 
after deformation. The A1 matrix is dark gray, and the Sn filaments are light gray. 
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Figure 3. Longitudinal section SEM micrograph of Al-20Sn (î|=6.05) after storage for several 
Ms at room temperature. Note the spheroidization of the Sn filaments in comparison to their 
shape in Figure 3.2. The A1 matrix is dark gray, and the Sn filaments are light gray. 
This spheroidization of the filaments in the longitudinal direction has been observed in 
other DMMC's after exposure to elevated temperature, but has heretofore not been reported at 
room temperature. The spheroidization seen here may be caused by the low melting point of 
Sn (505K) and the shape irregularities of filaments that normally occurs along the 
longitudinal direction after deformation processing. During extrusion, the specimen briefly 
experienced a temperature at or slightly above 370 K due to the severe mechanical 
deformation. The specimen temperature was also raised briefly (~ 50K above ambient) in 
subsequent swaging and wire drawing operations. In addition, a time period of 1.5 to 2.4 Ms 
elapsed between successive deformation procedures and between deformation and 
preparation of the metallography specimens shown in Figures 2-3. During the time periods 
that the specimens were stored at room temperature, they were at nearly 60% of the 
homologous melting temperature of Sn. 
Kampe and Courtney [19, 20] studied the high temperature behavior of DMMC's, and 
reported that capillary force and chemical potential gradients drove atomic motion that 
eventually led to spherical particles. 
3.2 Mechanical properties of Al-Sn composite wire 
The effects of deformation true strain on ultimate tensile strength (UTS) of Al-20Sn are 
shown in Figure 4. Similar to the mechanical behavior of other DMMC's, the tensile strength 
of Al-20Sn composite increased substantially with deformation true strain. This finding is 
inconsistent with a simple rule of mixtures model for composite strength, since the strength 
of this Al-20Sn composite is much higher than the strength of either Sn or high purity Al, and 
neither of these metals work hardens sufficiently to account for this strengthening effect. 
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Figure 4. Relationship of UTS with deformation true strain. 
4. DISCUSSION 
4.1 Explanation for spheroidization 
As shown in Section 3, spheroidization occurred in the longitudinal direction for Al-20Sn 
DMMC's after prolonged storage at room temperature. We believe the presence of 
longitudinal perturbations in the cylinder radius of the Sn filaments caused the conversion of 
roughly cylindrical filaments into spheres. DMMC's typically have an abundance of surface 
and size irregularities along the longitudinal direction of the second phase filaments. For a 
cylindrical filament with a longitudinal perturbation in radius, there are two principal radii of 
curvature as shown in Figure 5. Ri is the primary radius of the cylinder, and R2 is the 
secondary radius. From location A to location B, the increase in Ri induces transport of 
filament material from A to B, which tends to increase the magnitude of the initial 
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perturbation. In opposition to this trend, the increase in R% from location A to location B 
transports filament material from B to A, opposing growth of the perturbation. If a critical 
wavelength A,crit is reached, there is an equilibrium between A and B with no net material flow 
between A and B. If the equilibrium is not maintained, atoms move from A to B, the 
perturbation will become more pronounced, and spheroidization of the filaments will 
eventually occur. This fluctuation in cylindrical filament radius, combined with the high 
homologous temperature at which these specimens were stored, is believed to be the cause of 
the extensively spheroidized microstructure shown in Figure 3. 
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Figure 5. An idealized illustration of conversion from a cylindrical filament into spheres. 
Chemical potential difference is believed to be the driving force for spheroidization of the 
Sn phase. To examine the critical condition of a Sn cylinder to predict whether it would 
remain stable or spheroidize, one could assume that the cylinder has a simple sinusoidal 
fluctuation as shown in Figure 5. The profile of the perturbed cylinder is given by 
y=R+5sin(27ix/A,), where R is the radius of the cylinder, À, is the wavelength of perturbation, x 
is the distance along the cylinder length, and ô is the amplitude of the perturbation. If the 
value of 5 is assumed to be infinitesimal, only linear terms of 8 are significant and higher 
order terms of 5 (i.e, ô2, Ô3) are negligible. Since the cross section of this perturbed cylinder 
remains circular, both principal curvatures have to be considered at each point of the cylinder. 
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According to the Gibbs-Thompson equation, the chemical potential of an atom on a 
curved surface can be expressed as (i=|io+yVk, where |io is the chemical potential of an atom 
at a flat surface, y is surface energy, K is surface curvature, and V is atomic volume. For a 
function y=f(x), curvature 
where y' is the first derivative and y" is the second derivative of function y. 
For a curved surface, the total curvature at one point can be calculated as: 
Kt = Kx + K2 
Therefore, curvature at points A and B can be derived as: 
4 7i2ô 1 
K a
~  Ï T +  R - S  
Ak2Ô 1 
Kb
~~~ÂT+ R + Ô 
The chemical potential at point A and B can be derived from the Gibbs-Thompson equation 
as: 
. . .  4tt2Ô 1 +^) 
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An1 ô 1 A»-^ + )V(—+—) 
If ^La=M-b, then a critical distance A,crit can be determined to be Xcrit =2jtR. When the 
wavelength of a cylindrical filament is at this critical distance, the chemical potential at point 
A is exactly equal to that at point B, and these expressions predict no atomic motion between 
points A and B. 
If Ha>Hb, it can be determined that X>2jiR. In this case the chemical potential at point B is 
lower than that at point A, atoms will move from point A to point B; this net migration of 
atoms renders the cylindrical geometry unstable and leads eventually to spheroidization. 
If |0,a<M-b, it can be determined that X<2tcR. Since the chemical potential at point A is lower 
than that at point B, atoms will move from point B to point A, which promotes the stability of 
the cylinder and prevents spheroidization of the cylinder. 
4.2 Strengthening of Al-20Sn composite 
As noted in Section 3, the rule of mixtures approach fails to account for the strength of 
the Al-20Sn DMMC. Many studies have been done to correlate UTS with deformation true 
strain for DMMC's; an exponential relationship has frequently been observed to exist 
between ultimate tensile strength and deformation true strain [21, 22]. The Hall-Petch barrier 
model is often used to explain the strengthening mechanism of DMMC's. The Hall-Petch 
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model predicts increasing strength as the thickness and spacing of the second phase filaments 
decrease. With the progressively finer filamentary microstructure that accompanies 
increasing T), the Sn second phase acts as a more effective network of barriers to dislocation 
production and movement in the A1 phase. Further motion requires generation of new 
dislocations in the neighboring area by the local stress field produced by the blocked 
dislocations. As a result, the composite is strengthened. 
The Hall-Petch relationship can be applied to DMMC's as: 
G = G0+kX"1/2 
where o is the UTS, Go and k are constants, and X, is the filament spacing. Embury has 
proposed a modified Hall-Petch model to explain the strengthening of DMMC's [21]: 
G=Œo+kdo"1/2 exp (0.25r|) 
where G is UTS, Go and k are constants, d0 is the initial filament spacing, and r\ is 
deformation true strain. This empirical equation was confirmed by Russell, et alia for a Ti-Y 
DMMC [11]. Similarly, Sakai, et alia found that UTS=565 exp(nrj) for a Cu-Ag DMMC 
where n is a factor that varies with Ag content [22]. By exponential regression, it was found 
that the relationship between UTS and r| that best fits the data for Al-20Sn DMMC is: 
UTS=72.6 exp(0.20n) 
5. CONCLUSIONS 
1). Al-20Sn composite can be deformation processed to a deformation true strain of 7.41. The 
Sn second phase adopts a convoluted, ribbon shaped filamentary morphology after 
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axisymmetric deformation, which may be due to texture effects in the Sn that restrict its 
plastic flow to plane strain. 
2). The Sn second phase partially spheroidizes during deformation along the longitudinal 
direction of the wire. This is thought to be due to the low melting temperature of Sn and 
irregularities in the initial shape of the Sn filaments. 
3). A chemical potential gradient is proposed as the driving force for spheroidization. A 
critical wavelength of XCrit = 2tuR can be used to determine the spheroidization tendency 
of a Sn cylinder. When X>2tuR, spheroidization is predicted to occur. 
4). The ultimate tensile strength of Al-20Sn composite increases exponentially with 
deformation true strain. The relationship between UTS and deformation true strain is 
UTS=72.6 exp(0.20r|). 
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CHAPTER 4. STRENGTHENING OF A DEFORMATION PROCESSED AL-20SN IN-
srru COMPOSITE 
A manuscript "Strengthening of a Deformation Processed Al-20%Sn in-situ Composite" 
submitted to Acta Materialia for publication, in review. 
K. Xu*, A. M. Russell, and K. Wongpreedee 
Ames Laboratory of the U.S. Dept. of Energy and Materials Science & Engineering 
Department, Iowa State University, Ames, IA, USA, 50011 
E-mail: xukai@iastate.edu 
ABSTRACT 
The microstructure and strength of heavily deformation processed Al-20vol.% Sn metal-
metal composite has been evaluated. Deformation caused a filamentary microstructure with 
fine filament spacing. The strength of composite increases exponentially with deformation to 
a true strain of 7.41. A Hall-Petch relationship between strength and filament spacing has 
been observed. Strengthening results from the filaments acting as barriers for dislocation 
motion. 
KEY WORDS 
deformation processing, strengthening mechanisms, tensile strength. 
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1. INTRODUCTION 
Heavily deformed metal-metal composites possessed exceptional high mechanical 
strength which was significantly higher than rule-of-mixtures (ROM) predictions. These 
Deformation-processed Metal Metal Composites (DMMC's) attracted many scientists' and 
researchers' attention. The typical method of making DMMC's is to prepare starting billets by 
ingot casting when the two metal phases are soluble or by powder metallurgy when the two 
metal phases are immscible. Extensive mechanical working such as extrusion, swaging, and 
wire drawing was conducted to achieve high deformation ratio. 
The typical microstructures of DMMCs are convoluted, ribbon-shaped filamentary 
second phases embedded in the matrix due to the plane strain of the second phase. Many 
models have been proposed to correlate the microstructures with mechanical properties [1-7]. 
Funkenbusch and Courtney [5,6] believed that strengthening of DMMCs was caused by high 
densities of dislocations generated during deformation. Spitzig, Pelton and Laabs [2] stated 
that the second phase reinforcements behaved as planar dislocation barriers and the 
strengthening resulted from the difficulty of transmitting slip between the two metal phases. 
Although debates exist regarding the strengthening mechanisms in the DMMCs, it has been 
shown that microstructure (filament size and spacing) plays an important role in determine 
the strength of DMMCs. Empirical models have been developed to determine strength based 
on microstructure features. 
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This paper will evaluate the mechanical properties and quantitatively characterize 
microstructure features for an Al-20Sn DMMC. It is the intent of the authors to correlate 
microstructure with mechanical properties. 
2. EXPERIMENTAL PROCEDURES 
High purity A1 powder (99.99% purity) was produced by the gas atomization method 
resulting in a particle size of 45-75 gm at Ames Laboratory. Sn powder (99.80% purity) with 
a particle size smaller than 45 gm (-325mesh) was mixed with this A1 powder in a ratio of 80 
vol.% A1 to 20 vol.% Sn, which is hereinafter referred to as Al-20Sn. The powders were cold 
isostatically pressed at 130 MPa after blending. The 37 mm diameter green compact was put 
into a Cu can with an outside diameter of 50.8 mm. The Cu can and green compact were 
soldered shut and evacuated. Extrusion was conducted at room temperature through a 
25.4mm diameter die. The sample was water quenched immediately after extrusion to 
remove the heat generated by the extrusion. 
The extruded Al-20Sn rod with Cu sleeve was swaged at room temperature to a 
deformation true strain of r|=3.20 with a diameter of 7.62 mm. The Cu sleeve was removed 
by machining at this point. The bare Al-20Sn was swaged to r|=4.40 with a diameter of 3.0 
mm. Finally, the sample was wire drawn to r|=7.41 with a diameter of 0.48 mm. The 
deformation was terminated at r|=7.41 due to the small size of the wire. Metallography 
coupons and two tensile specimens were cut from the material at each of the deformation true 
strains r|=3.20, 4.40, 5.54, 6.05, 6.40 and 7.41. 
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Tensile tests were performed for all specimens with r|<6 following ASTM standard E8 
[8]. For smaller diameter wires with r|>6, the two wire ends were embedded into two small 
Cu sleeves with adhesive. Then the Cu sleeves around the specimen ends was squeezed to 
hold the wire tight and to form grips for tensile testing. All tensile tests were done at room 
temperature with a strain rate of l.Omm/min (for T|<6), and 0.15mm/min (for T|>6). 
An Amray 1845 field emission gun scanning electron microscope (SEM) was used to 
observe the Al-20Sn DMMC microstructure. Quantitative stereology [9] was used to 
determine filament spacing and thickness at various deformation true strains. The filament 
sizes were calculated from SEM photos using a circle of known diameter, and then counting 
the number of filaments that intercepted the circle. 
3. RESULTS 
3.1 Microstructure of Al-20Sn DMMC 
The microstructures of deformation processed Al-20Sn composites are shown in Figure 1. 
Similar to other DMMCs [1, 10-15], the second phase adopted a convoluted, ribbon-shaped 
morphology as seen in transverse section, which is assumed to result from a plane strain 
mode of the Sn phase. 
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Figure 1. SEM back-scattered electron micrograph of a transverse section of Al-20Sn 
(r|=3.20). The A1 matrix is gray, and the Sn filaments are white. 
The parameters used to characterize microstructure are shown in Figure 2, where Gt is 
mean true spacing, X is mean free path and t is filament thickness. 
t k 
A1 • Sn 
< > 
Ot 
Figure 2. Schematic illustration of microstructure features. 
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Figure 3 shows the relationship between deformation true strain and microstructure 
features. As deformation processing progressed, both mean free path (filament spacing) and 
Sn filament thickness decreased dramatically. The difference between filament spacing and 
filament thickness becomes smaller when deformed to higher r\ values. There is an 
exponential relationship between filament spacing/filament thickness and deformation true 
strain. By means of exponential regression, it is found that the relationship is: 
X=31.3 exp ("°'4111) 
t=7.83 exp (4)'4lll) 
.g.9.00 
• Mean true spacing 
• mean free path 
A filament thickness 
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Figure 3. Mean true spacing, mean free path, and Sn filament thickness as a function of 
deformation true strain for Al-20Sn. 
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3.2 Mechanical properties of Al-Sn composite wire 
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Figure 4. Dependence of UTS on deformation true strain. 
Figure 4 showed the dependence of ultimate tensile strength of Al-20Sn on deformation 
true strain. The tensile strength increased by 107% when r\ increased from 3.20 to 7.41. 
This finding is inconsistent with a simple rule of mixtures (ROM) model for composite 
strength. For common composites, a simple rule of mixture (ROM) can be used to describe 
the strength of composites. The equation for ROM is: 
c=V a<5A+V BGB 
where a is the composite's strength, VA and VB are the volume percent of constituent A and B 
respectively, CJA and Gb are the strength of constituent A and B respectively. The strength of 
pure Sn is 12 MPa and it does not work harden [16]. The strength of A1 is 120MPa at fully 
work hardened condition [17]. Since the strength of this Al-20Sn composite is much higher 
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than the strength of either pure Sn or Al, a more reasonable explanation is needed to account 
for the strengthening of DMMCs. 
The strengthening mechanisms of deformation-processed composites are still not fully 
understood and have been extensively debated. Funkenbusch and Courtney [5,6,18] proposed 
a substructural strengthening model. The mismatch of the metal constituents during 
deformation produces a large number of geometrical dislocations, which increases the 
strength of DMMCs. Their model was based on the assumption that a °= p1/2 °c D(î|)~1/2, 
where a is the ultimate tensile strength, p is dislocation densities , D is the interphase spacing 
and r| is the deformation true strain. 
The interphase barrier strengthening model proposed by Spitzig et al [2, 7] was based on 
the TEM observations of heavily deformed Cu-Nb composite and the Hall-Petch relationship 
for the Cu-Nb wires. The fine filamentary microstructure from deformation acts as effective 
barrier for dislocation motion. As a result, the DMMCs are strengthened. 
4. DISCUSSION 
4.1 Microstructure analysis 
As previously observed [2,19], the second phase filaments always decrease in size at a 
slower rate than the bulk material because the fee matrix with more slip systems undergoes 
more deformation than the bcc, hep or bet second phases. 
Based on the definition of deformation true strain rj=21n(do/d), it can be derived that the 
filament size in rod material at a given level of deformation is: 
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d=doexp(-r|/2) 
where do is the initial fiber size and d is the fiber size at a given deformation ratio(r|). This 
equation assumes that the fiber and matrix deform in proportion to the amount of 
deformation applied to the bulk material. The theory prediction was compared to the 
quantitative stereology measurements of filament size, as shown in Figure 5. There is slight 
difference between the stereology measurement results and calculation, particularly for low rj 
value samples. This might be due to measurement errors when measuring low T) value 
samples. The 50mm diameter circle only intercepts limited number of filaments at lowT) 
values. Any slight change in the intercepted numbers will cause the final stereology results to 
change to some degree. 
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Figure 5. Comparison between measurement and calculation results for filament spacing and 
filament thickness. 
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4.2 Correlation between microstructure and strength 
The ultimate tensile strength is inversely proportional to the Sn filament spacing and 
thickness as shown in Figure 6. The higher the deformation true stain, the smaller the 
filament spacing and thickness become, and the higher the ultimate tensile strength is. Unlike 
other DMMC's [15], there is a linear relationship between filament spacing, thickness and 
ultimate tensile strength. The slope for t (filament thickness) is larger than the slope for X, 
which means that filament thickness has more significant effects than filament spacing in 
determining ultimate tensile strength of DMMC's. This confirms the finding of Spitzig [20], 
in which he found that the modulus of second phase filaments determined the strength of 
DMMC's. 
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Figure 6. The relationship between tensile strength and filament spacing, thickness 
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It is frequently observed that there is an exponential relationship between ultimate tensile 
strength and deformation true strain as shown in Figure 3 [2, 14, 15, 21, 22]. By exponential 
regression for Al-20Sn, the relationship can be defined as UTS=72.6 exp(0.20r|). The 
strength of the Al-20Sn DMMC cannot be explained by the rule of mixtures approach as 
noted in Section 3. Many studies have been done to correlate UTS with deformation true 
strain for DMMC's. A Hall-Petch relationship has frequently been observed to exist between 
ultimate tensile strength and filament spacing where the strength increases when the 
thickness and spacing of the second phase filaments decrease [15, 21-23]. With the 
progressively finer filamentary microstructure that accompanies increased deformation, 
dislocations can not travel far in any direction without encountering Sn filaments in the 
composites. Strengthening results from the difficulty in transmitting slip between the A1 
matrix and Sn second phase. 
The Hall-Petch relationship can be described as: 
G = Oo+kV2 
where o is the ultimate tensile strength, Go is friction stress, k is a fitting parameter, and X is 
the filament spacing. The ultimate tensile strength relationship with (filament spacing)*1'2 is 
plotted in Figure 7. 
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Figure 7. Ultimate tensile strength vs. filament spacing to show Hall-Petch relationship. 
Embury has proposed a modified Hall-Petch model to describe strengthening of DMMCs 
[24]. His model is based on the initial filament spacing and deformation true strain: 
G = Go+kdo"1/2 exp (r|/4) 
where o is the ultimate tensile strength, Go and k are constants, do is the initial filament 
spacing, and r\ is the deformation true strain. This strengthening model was confirmed for a 
Ti-Y DMMC by Russell et alia [12]. Figure 8 shows Embury's modified model. By 
comparing Figures 7 & 8, it can be found that the friction stress Go is 50.0 for the Hall-Petch 
model and Go is 57.3 for Embury's modified Hall-Petch model, which is reasonably close 
greement. 
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Figure 8. Embury's modified Hall-Petch model 
Similarly, Gil Sevillano's theory [24] also predicts that materials' strength increases as 
barrier spacing decreases. His prediction can be written as: 
MAGb. A 
cr =<rfi + —In — 
where oc is the critical stress required to propagate dislocations motion between lamellae, Oo 
is the friction stress, M is the Taylor factor (taken as 2 for bcc metals and 3 for fee metals 
[25]), A is a constant depending on the dislocations' characteristics (A=1.21 for mixed 
dislocation [26], G is the shear modulus, b is the Burgers vector, and X is the barrier spacing. 
Both the Hall-Petch and Sevillano models predict increasing strength with decreasing 
barrier spacing. However, the barrier spacing effect weighs differently. The strength increases 
with X'm for the Hall-Petch model while the strength is a function of lnX/X for Sevillano's 
69 
model. Therefore, the Hall-Petch model has a stronger dependence upon filament spacing 
than the Sevillano model. In other words, the filament spacing plays a more important role in 
strengthening DMMCs for the Hall-Petch model than for the Sevillano model. 
5. CONCLUSIONS 
1). An Al-20Sn composite can be deformation processed to a deformation true strain of 7.41 
with a convoluted, ribbon shaped filamentary morphology, which may be due to texture 
effects in the Sn that restrict its plastic flow to plane strain. 
2). The ultimate tensile strength of Al-20Sn composite increases exponentially with 
deformation true strain. The relationship between UTS and deformation true strain is 
UTS=72.6 exp(0.20rt). 
3). Filament spacing and thickness decrease exponentially with deformation true strain. These 
can be written as: 
X=31.3 exp ("a4l1l) 
t=7.83 exp ("°'4lT1) 
4). Strength is inversely proportional to filament spacing. The Hall-Petch and Sevillano 
models can be used to correlate strength with microstructure. 
5). A barrier model can be used to correlate the strength of DMMCs with interphase spacings. 
In the barrier model, the increasing interfacial boundary area between the two metal 
phases with continuing deformation increases the number of interphase dislocations and 
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the overall dislocation density. The difficulty in propagating plastic flow across two metal 
interfaces controls strengthening. 
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ABSTRACT 
Al-20vol.% Sn metal-metal composite was deformation-processed to produce a 
filamentary microstructure. Composite specimens were annealed at several temperatures. The 
microstructure evolution of the composite during thermal processing was examined, and the 
factors leading to the observed thermal instability are discussed from thermodynamics and 
kinetics perspectives. The primary shape instability modes are cylinderization of ribbons, 
boundary splitting, spheroidization of cylinders, and edge spheroidization of ribbons. The 
determining factors dictating which mechanism is active are grain boundary energy, 
interfacial energy, and ribbon cross section aspect ratio. 
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1. INTRODUCTION 
Deformation processing such as wire drawing or rolling can produce metal-metal 
composites with exceptionally high mechanical strength and electrical conductivity and has 
been the subject of many investigations [1-10]. These Deformation-processed Metal Metal 
Composites (DMMC's) can be made by ingot casting when the two metal phases are soluble 
or by powder metallurgy when the two metal phases are immiscible. This is followed by 
extensive mechanical working such as extrusion, swaging, and wire drawing. 
Deformation processing often causes the second phase of DMMCs to evolve into 
convoluted, ribbon-shaped filaments embedded in the matrix due to the plane strain of the 
second phase and shape compatibility of the two phases. The fine filamentary microstructure 
of DMMCs is believed to impede the motion of dislocations and strengthen the DMMCs. 
Some studies have been done on the stability of DMMCs at elevated temperature [11-13], 
All found that the microstructures of DMMCs changed when exposed to high temperature. 
Courtney and Malzahn Kampe's work [11-12] was based on drawn Cu-Fe and rolled Ni-W 
composites. They described three primary instabilities: cylinderization via edge recession, 
boundary splitting via thermal grooving of internal boundaries, and edge spheroidization via 
the ovulation of ridges. The dominant instability mode depended upon the cross section 
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aspect ratio and the ratio of internal grain boundary energy to interface energy. S. I. Hong, et 
al's work [13] was based on wire drawn Cu-Nb and Cu-Ag composites. They observed 
spheroidization and discontinuous precipitation for the second phases. Recent study at Iowa 
State University's Ames Laboratory [14-15] found that a deformation processed Al-Sn 
composite displayed spheroidization even at room temperature, which was due to the 
perturbation of Sn filaments and the relatively low melting point of Sn. 
This paper characterizes microstructure features for an Al-Sn DMMC annealed at 
elevated temperature for various times. The purpose of this paper is to identify the thermal 
instability modes, determine dominant factors for instability mode based on thermodynamics 
and discuss the microstructure evolution kinetics. 
2. EXPERIMENTAL PROCEDURE 
High purity A1 powder (99.99% purity) was produced at Ames Laboratory by the gas 
atomization method resulting in a particle size of 45-75 |im. Sn powder (99.80% purity) with 
a particle size smaller than 45 (im (-325mesh) was mixed with this A1 powder in a ratio of 80 
vol.% A1 to 20 vol.% Sn, which is hereinafter referred to as Al-20Sn. The powders were cold 
isostatically pressed at 130 MPa after blending. The 37 mm diameter green compact was put 
into an OFHC (oxygen free high conductivity) copper can with an outside diameter of 50.8 
mm. The copper can and green Al-20Sn compact were soldered shut and evacuated. 
Extrusion was conducted at room temperature through a 25.4mm diameter die. The sample 
was water quenched immediately after extrusion to remove the heat generated by the 
extrusion. 
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Deformation true strain T| was calculated as r|=21n(do/df), where do is the initial wire 
diameter and df is the final wire diameter. The extruded Al-20Sn rod with Cu sleeve was 
swaged at room temperature to a deformation true strain of r|=3.20 with a diameter of 7.62 
mm. The Cu sleeve was removed by machining at this point. The bare Al-20Sn was swaged 
to T|= 4.40 with a diameter of 3.0 mm. Finally, the sample was wire drawn to r|=7.41 with a 
diameter of 0.48 mm. The deformation was terminated at r|=7.41 due to the small size of the 
wire. Metallography coupons and two tensile specimens were cut from the material at each of 
the deformation true strains r)=3.20, 4.40, 5.54, 6.05, 6.40 and 7.41. The above specimens 
were stored at room temperature. Since previous study [14-15] has shown that the 
microstructure of Al-20Sn DMMC will gradually spheroidize even at room temperature, 
another control group of specimens were made with the same procedure, but those were 
stored in a freezer immediately after deformation processing to prevent further 
microstructural change. 
The control group specimens were annealed at 373K for 1 hr and 2.73 hrs respectively. 
The purpose of the annealing is to expedite the diffusion and make microstructure change 
observation more rapid. 
Scanning electron microscope (SEM) was used to observe the Al-20Sn DMMC 
microstructure. Quantitative stereology [16] was used to determine filament dimensional 
features. The filament sizes were calculated from SEM photos using a circle of known 
diameter, and then counting the number of filaments that intercepted the circle. 
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3. RESULTS 
3.1 Microstructure of Al-20Sn DMMC 
The microstructures of deformation processed Al-20Sn composites stored at room 
temperature are shown in Figures 1-3. The second phase adopted a convoluted, ribbon-
shaped morphology as seen in transverse section (Figure 1). This morphology is seen in 
many DMMCs [1-10], which is believed to result from a plane strain mode in the Sn phase. 
Longitudinal sections showed that the Sn second phase was comprised of long, continuous 
filaments (Figure 2). However, the Sn filaments gradually changed their shape into short 
rods, or partially spheroidized particles (Figure 3). Previous study [14-15] showed that the 
longitudinal perturbation, low melting point of Sn and chemical potential gradient due to 
curvature difference caused the spheroidization of Sn filaments. 
Figure 1. SEM micrograph of Al-20Sn (r|=3.20), transverse section, stored at room 
temperature. The Al matrix is gray, and the Sn filaments are white. 
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Figure 2. SEM micrograph of Al-20Sn (r)=3.20), longitudinal section, stored at room 
temperature. The Al matrix is gray, and the Sn filaments are white. 
Figure 3. SEM micrograph of Al-20Sn longitudinal section (r|=7.41) stored at room 
temperature. The A1 matrix is gray, and the Sn filaments are white. Note the extensive 
change in the once continuous Sn filaments. 
Figures 4-6 show the longitudinal microstructures of Al-20Sn DMMC which was stored 
at low temperature immediately after deformation then annealed at 373K for different times. 
Figure 4 was from Al-20Sn (r)=3.20) stored at low temperature after deformation. Its 
microstructure was mainly long, continuous filaments. Figure 5 displayed the microstructure 
of Al-20Sn (T|=3.20) stored at low temperature after deformation, then annealed at 373K for 
1 hour. Compare to Figure 4, there are two major shape differences in Sn filament 
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morphology. The filament edge becomes more irregular after annealing, which led to more 
perturbation in the longitudinal direction. There are more discontinuous, short rods and 
partially spheroidized particles after annealing. The purpose of annealing is to expedite the 
solid diffusion process by accelerating the rate of atomic transport. Figure 6 displayed the 
microstructure of Al-20Sn (r|=3.30) stored at low temperature after deformation, then 
annealed at 373K for 2.71 hour. Compared to Figure 5, there are more surface irregularities 
along the filaments longitudinal direction and more filaments have broken into shorter 
filaments or particles. 
Figure 4. SEM micrograph of Al-20Sn (ri=3.30), longitudinal section, stored at low 
temperature. The A1 matrix is gray, and the Sn filaments are white. 
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Figure 5. SEM micrograph of Al-20Sn (r|=3.30), longitudinal section, stored at low 
temperature then annealed at 373K for 1 hr. The A1 matrix is gray, and the Sn filaments are 
white. 
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Figure 6. SEM micrograph of Al-20Sn (î)=3.30), longitudinal section, stored at low 
temperature then annealed at 373K for 2.71 hr. The A1 matrix is gray, and the Sn filaments 
are white. 
Figure 7 shows the transverse microstructure of Al-20Sn DMMC stored at low 
temperature after deformation then annealed at 373K for 1 hour. In addition to the commonly 
observed convoluted ribbon morphology seen in transverse section for DMMCs, there are 
some ribbons breaking into small particles, which is believed to be caused by boundary 
splitting via thermal grooving. 
Personal SEW V4.02* Tu I 5. 2001 R3 Lee Instrument*. Ltd. 
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Figure 7. SEM micrograph of Al-20Sn (r|=3.30), transverse section, stored at 
low temperature then annealed at 373K for 1 hr. The A1 matrix is gray, and 
the Sn filaments are white. 
The main ribbon instabilities observed in the Al-20Sn DMMC are summarized in Table 1. 
Table 1. Primary instability mechanisms in Al-20Sn DMMC 
Anneal Anneal 
Temperature (K) (hr) 
time Orientation to Average aspect Instability modes 
filament axis ratio 
293 
293 
373 
373 
373 
373 
>336 
>336 
1 
1 
2.71 
2.71 
Longitudinal N/A 
Transverse 3.8 
Longitudinal N/A 
Transverse 11.1 
Longitudinal N/A 
Transverse 9.8 
Spheroidization 
Cylinderization, 
boundary splitting, 
edge spheroidization 
Spheroidization 
boundary splitting, 
edge spheroidization 
Spheroidization 
boundary splitting, 
edge spheroidization 
4. DISCUSSION 
4.1 Microstructure analysis 
The microstructure evolution is the result of atomic transport, which is driven by 
chemical potential gradients or free energy differences. As the materials system approaches 
equilibrium, the system minimizes its free energy level. Atomic motion is expedited at higher 
temperature due to faster diffusion. Previous studies [11-15] have described several primary 
instabilities for composites exposed to elevated temperature. 
4.1.1 Cylinderization by edge recession 
For a finite plate/ribbon, there is a curvature difference between the plate end and the 
adjacent flat surface. According to the Gibbs-Thompson equation, the chemical potential of 
an atom on a curved surface can be expressed as g=|io+yVK, where |0o is the chemical 
potential of an atom at a flat surface, y is surface energy, K is surface curvature, and V is 
atomic volume. Therefore, the chemical potential at a ribbon edge with curvature is larger 
than the chemical potential at a flat surface. A chemical potential gradient from the curvature 
difference drives the atoms to move from the ribbon edge to nearby flat surfaces as shown in 
Figure 8a. A semi-cylinder with a radius equal to half of the ribbon thickness is used to 
define the ribbon edge. The motion of atoms from the ribbon edge to an adjacent flat surface 
causes the ribbon edge to recede and materials are built up on the flat surface, which further 
forms ridges at the ribbon end (Figure 8b)). As edge recession progresses, the ridges will 
finally meet and merge into a cylinder (Figure 8c)). The driving force of cylinderization is the 
chemical potential difference between the ribbon edge and the flat surface. 
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The tendency/rate for cylinderization is dependent upon the ribbon aspect ratio (ribbon 
width/ribbon thickness). The smaller the ribbon aspect ratio, the shorter the time for cylinder 
formation. If other instability mechanisms such as boundary splitting or edge spheroidization 
take less time to occur, cylinderization is outpaced by these other phenomena. 
Figure 8. Illustration of cylinderization of ribbon via edge recession [11] 
4.1.2 Boundary splitting via thermal grooving 
When there are no grain boundaries or internal flaws in the cylinder, a ribbon will 
eventually evolve into a cylinder. However, there are grain boundaries in the ribbons in most 
cases. The through thickness grain boundaries will expedite atomic motion at elevated 
temperature. A groove develops along grain boundaries, which results in a triple point at the 
intersection of a Sn grain boundary and the Al-Sn interface. The equilibrium dihedral angle 
can be described as <|>=cos^(^/2^), where % is boundary free energy and is interface free 
energy as shown in Figure 9. 
edge 
recession 
cylinderization 
a) b) c) 
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Al 
Figure 9. Schematic of dihedral angle 
The curvature at the groove valley is different from the curvature at the (flat) Al-Sn 
interface distant from the triple point. As discussed in section 4.1.1, a chemical potential 
gradient resulting from curvature differences at different locations on the ribbon will drive 
atoms to move away from the groove. The transport of atoms destroys the tension force 
balance at the triple point, causing the dihedral angle to increase. To maintain equilibrium, 
the dihedral angle has to be smaller so that the triple point moves towards the ribbon center. 
With the two triple points on two sides of the ribbon moving toward the center, the groove 
deepens until the triple points meet. As a result, the grain boundary is eliminated, and the 
ribbon splits. The process of boundary splitting is shown in Figure 10. 
Whether a ribbon will cylinderize or split depends upon the ribbon aspect ratio and the 
ratio of grain boundary energy to interface energy. In section 4.1.1, it was stated that small 
aspect ratios favors cylinderization. When ribbon aspect ratio is large and there is a grain 
boundary along the fiber longitudinal direction, the ribbon tends to split rather than 
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cylinderize. On the other hand, the ratio of grain boundary energy to interphase energy also 
determines which instability will occur. When yy is relatively large compared to y,, it can be 
derived that 2cos(|)=yb/yi>l, which leads to §<k/3. When <()<7u/3 (i.e. boundary free energy is 
relatively larger than interphase free energy), the ribbon tends to reduce boundary area by 
boundary splitting to minimize system energy. If the ratio of grain boundary energy to 
interface energy is small, the increased boundary will decrease overall system energy as a 
driving force for atomic transport, which favors cylinderization. 
thermal 
grooving 
boundary 
split 
a) b) 0 
Figure 10. Illustration of boundary split via thermal grooving [11] 
4.1.3 Spheroidization of cylinders 
The mechanisms that induce the spheroidization of Sn filaments are chemical potential 
gradient and longitudinal perturbation; these changes are, of course, accelerated by exposure 
to elevated temperature. The growth and development of longitudinal perturbations in 
filaments eventually causes the long, continuous filaments to convert to spherical particles. 
Previous studies have discussed the physics of spheroidization of a cylinder [17-20]. It was 
found [11, 15] that there was a critical wavelength =2tiR (R is cylinder radius). When the 
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wavelength of perturbation is above this critical wavelength, the cylinder is unstable and 
perturbation will grow in amplitude, which eventually causes spheroidization of the cylinder. 
That study did not take into consideration the effect of grain boundaries. In fact, grain 
boundaries lying transverse to the cylinder axis can also induce spheroidization in a manner 
similar to boundary splitting via thermal grooving of a ribbon. Figure 11 illustrates the 
spheroidization via thermal grooving for a cylinder, which was called "ovulation" by 
Courtney, et alia [11]. The triple points migrate towards the cylinder center and meet to 
eliminate grain boundaries transverse to the cylinder axis. As a result, the cylinder changes its 
shape into spheroids. 
In short, three factors contribute to spheroidization of cylinders. These are chemical 
potential gradient from curvature differences, perturbation along the cylinder, and grain 
boundaries transverse to the cylinder axis. 
/ thermal ( A / boundary \ } \ j 
•s grooving \ A / split X / \ y 
a) c) 
Figure 11. Spheroidization of cylinder via boundary splitting (ovulation) [11] 
4.1.4 Edge spheroidization via edge recession 
For a ribbon with a large aspect ratio, there is another instability mode called edge 
spheroidization [11, 12, 21]. Assuming that there are no boundaries, edge recession forms 
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ridges along the ribbon edges described in section 4.1.1. Regions of reduced girth appear 
along the ribbon length because edge recession rate is not uniform. This perturbation is 
further enhanced by subsequent edge recession. Then the situation is similar to 
spheroidization of cylinders. Chemical potential gradients from curvature differences further 
induce atomic transport, and the amplitude of perturbation increases. Finally, spheroids break 
from the original ribbon as shown in Figure 12. 
ridge 
break edge recession 
Figure 12. Edge spheroidization of ribbons [11-12] 
4.1.5 Actual situation 
The instability mechanisms discussed above are only appropriate at certain conditions and 
are simplifications of the actual situation. For instance, cylinderization of ribbons assumes 
that there are no boundaries in the ribbons. In fact, there are boundaries both in longitudinal 
and transverse section of Sn filaments since each Sn powder particle consists of multiple 
crystal grains. As a result, boundary splitting will occur both in longitudinal and transverse 
sections. If annealing time is long enough and filament size is small enough (e.g. after large 
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deformation), the final microstructure will be spheroids in both longitudinal and transverse 
sections as shown in Figure 3. 
4.2 Thermodynamic analysis 
4.2.1 Cylinderization of ribbon 
One can assume that there is no boundary in the ribbons and ribbon aspect ratio a=w/t, 
where w is ribbon width, and t is ribbon thickness as shown in Figure 8. The ribbon edge is 
assumed to be a half circle with a radius of t/2. For Sn ribbons, the Gibbs free energy consists 
of two parts: Gibbs volume energy and Gibbs surface energy. When ribbons transform into 
cylinders, the volume free energy will not change due to volume conservation. Only surface 
energy changes due to the change in interphase areas of Al-Sn. Thus it is reasonable to just 
compare the surface energies before and after the transformation for the purpose of 
determining transformation driving force and direction. The Gibbs surface free energy, Gi, of 
Sn ribbon can be described as: Gi=(2+7t)tLG; ,where L is the ribbon length, a is the ribbon 
aspect ratio, and G, is the free energy at the Al-Sn interface. Due to volume conservation of 
the ribbon after it changes its shape into a cylinder, the cylinder radius r can be written as: 
Therefore, the Gibbs surface free energy of the cylinder can be described as: 
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According to mathematical derivation, Gi-G2=4oc2>0 (APPENDIX A), which means that Gi 
is always larger than G?. To maintain the system's free energy at a minimum, ribbons will 
eventually evolve into cylinders. However, in the actual situation, cylinders will form only for 
ribbons with a small aspect ratio and without internal grain boundaries. When the ribbon 
aspect ratio is large, the transformation time to convert to cylinders will be very long. If there 
are grain boundaries, boundary splitting may take less time to occur than cylinderization, and 
boundary splitting will become the dominant instability mode. 
4.2.2 Boundary splitting of ribbon through thermal grooving 
When there are boundaries in the ribbons, they may split into cylinders (Figure 10). 
Assume that the ribbon width is w, ribbon thickness is t, and there is a half cylinder shape 
along each ribbon edge. Due to volume conservation of the ribbon, the cylinder radius can be 
calculated as: 
The Gibbs free energy of ribbon consists of interphase free energy and boundary free energy 
and can be expressed as: 
Gi=(2a-Hi)tLGj + tLGb 
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Where Gb is the free energy at the boundary. Since 2cosc|)=Gb/Gi, the above equation can be 
written as: 
Gi=(2a+7t+2 cos(|))tLGi 
After the ribbon breaks into cylinders, there is no boundary. Therefore, the Gibbs free energy 
of the two cylinders can be written as: 
G%=2 71X2L Gj 
where r^ is the radius of the two cylinders. For boundary splitting to occur, Gi should be 
larger than G%, which leads to a>3.79 through mathematical derivation (APPENDIX B). This 
conclusion is based on two assumptions. One is that interphase free energy should be 
relatively lower than boundary free energy to provide driving force for splitting, which means 
(|)<7t/3. The other one is that the ribbon aspect ratio should be large (a >3.79). When these two 
conditions are satisfied, the two new small cylinders' free energy is lower than the old large 
ribbon's free energy, which induces the splitting process. This model also contains the 
simplifying assumption that there is only one boundary in the ribbon. Actually, there are 
frequently multiple boundaries in ribbons along the longitudinal direction. The ribbon with 
multiple boundaries may break into several cylinders through the same thermal grooving 
mechanism. 
4.2.3 Spheroidization of cylinder/edge spheroidization of ribbon 
Previous study [13-15] has shown that cylinders would spheroidize at elevated 
temperature. The driving force for spheroidization is the chemical potential gradient resulting 
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from curvature differences at different locations on the filaments. As shown in Figure 13, the 
chemical potential at location A and location B can be written as: 
4 n28 1 
£ +~R^6' MA ~ M o+TVi + ——r) 
An2S 1 
A2 + R + Ô' 
where |lo is the chemical potential of an atom at a flat surface, y is surface energy, K is surface 
MB ~Mo+ YV(—7T~+ N . C) 
curvature, V is atomic volume, R is the radius of the cylinder, X is the wavelength of 
perturbation, and 8 is the amplitude of the perturbation. If |AA>UB, it can be determined that 
X>2tlR. In this case the chemical potential at point B is lower than that at point A, and atoms 
will move from point A to point B; this net migration of atoms renders the cylindrical 
geometry unstable and leads eventually to spheroidization. The same mechanism can also be 
applied to edge spheroidization of ribbons. Chemical potential difference drives atomic 
motion and further increases the perturbation amplitude along the ribbon edge. When this 
perturbation amplitude is large enough, spheroids break from the ribbon. Moreover, 
boundaries transverse to the fiber axis help spheroidization through thermal grooving, which 
is similar to thermal grooving of ribbon. The difference is that the boundaries are transverse 
to the fiber axis for spheroidization of fiber (ovulation) and the boundaries are parallel to the 
ribbon axis for boundary splitting of ribbons. 
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Figure 13. An idealized illustration of conversion from a cylindrical filament into spheres 
[15]. 
4.3 Kinetics analysis 
The fundamental method of this kinetics analysis is based on the fact that the atomic 
transportation rate (dV/dt) is the product of atomic volume (Q), diffusion area (A), and 
atomic diffusion flux (J). According to Pick's first law, J=D(dc/dx), where D is the diffusion 
coefficient and dc/dx is the concentration gradient. Therefore, dV/dt= QAD (dc/dx). The time 
t required for transportation of volume dV can be written as [12]: 
dV dt = 
DAD— 
dx 
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Since the atomic concentration gradient dc/dx changes during the diffusion process, it is 
difficult to integrate the above equation. An approximation is made that dc/dx changes 
linearly in diffusion. Based on this assumption, an average atomic concentration gradient 
8c/8x can be used during the diffusion process. The time required for each individual 
instability can be expressed as: 
T
~ & 
ax 
Courtney and Kampe [12] proposed a base time x' in reference to the actual diffusion time x. 
t'kT 
Dco%G= 
where t is ribbon thickness, k is the Boltzmann constant, T is absolute temperature, Co is the 
equilibrium solubility of the ribbon in the matrix, y, is interface free energy, and O is atomic 
volume. Their finding was that: For cylinderization of ribbon, Xyo/x'is proportional to a9/4 
(VD means volume diffusion) and XsoS/x't is proportional to a7/3 (SD means surface 
diffusion), where a is ribbon aspect ratio and 8 is interphase boundary thickness. For 
boundary splitting, Xvd/x' is a function of (l-sin(|)) and XsoS/x't is a function of (l-sin<j))2. For 
edge spheroidization, the time needed is the sum of ridge formation and breakdown. Their 
results indicate that the cylinderization rate depends upon ribbon aspect ratio. Small aspect 
ratios favor cylinderization. Boundary splitting is dependent upon dihedral angle <)) (or ratio of 
boundary free energy to interphase free energy). A small dihedral angle (<(KJU/3) favors 
boundary splitting by reducing boundary area and lowering system free energy. Edge 
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spheroidization depends on both aspect ratio and dihedral angle. When aspect ratio and 
dihedral angle are large, edge spheroidization dominates. 
Spheroidization of cylinders at elevated temperature has been observed for many systems 
[13-15]. For an infinite cylinder, the growth rate of a sinusoidal perturbation is determined by 
interface diffusion and can be written as [13]: 
il = S°L 
where Di is the interface diffusion coefficient, 8 is the perturbation amplitude, y is interfacial 
free energy, v is the number of diffusing atoms per unit area, Q is atomic volume of the 
diffusing elements, co=27r/A, is the spatial frequency of the perturbation, X is the wavelength of 
sinusoidal wave, ro is the initial radius of cylinder. Substituting B(T)=D; y v Q2/kT and C(ro, 
X)= co2(l/ro2- to2) and integrating the above equation leads to the total spheroidization time: 
T 
5. CONCLUSIONS 
An Al-20Sn composite can be deformation processed resulting in a convoluted, ribbon 
shaped filamentary morphology, which may be due to texture effects in the Sn phase that 
restricts its plastic flow to plane strain. Sn filaments show thermal instability at elevated 
temperature or at room temperature at prolonged times. A chemical potential gradient 
resulting from curvature differences is the main driving force for atomic transport. Exposure 
at elevated temperature, ribbon shape irregularity, and boundaries also play important roles in 
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thermal instability of ribbons. The thermal instability mechanisms are cylinderization, 
boundary splitting, spheroidization of cylinders, and edge spheroidization of ribbons. The 
factors determining dominant instabilities are ribbon aspect ratio, boundary free energy and 
interphase free energy (or dihedral angle). 
When ribbon aspect ratio is small and there are no grain boundaries within the ribbon, the 
ribbon tends to cylinderize. When ribbon aspect is larger than 3.79, and the dihedral angle is 
smaller than TC/3 (i.e. boundary energy is relatively larger than interphase energy), the ribbon 
tends to split through thermal grooving. When the ribbon aspect is larger than 3.79 and the 
dihedral angle is larger than 7t/3, the ribbon transforms via edge spheroidization through edge 
recession. 
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APPENDIX A 
Thermodynamics of cylinderization of ribbons 
As shown in Figure 8, a ribbon changes its shape into a cylinder. The volume of the 
ribbon can be written as : 
Vi=(wt+7it2/4)L 
The volume of the cylinder can be written as: 
V2=7tri2 L 
Volume conservation (V1=V2) and a = w/t leads to the cylinder radius r% 
la 1 
r x
~ \ 7 r +  4  
The free energy of the ribbon can be defined as: 
Gi=2(w+7Ct/2)LGi=(2a+7t)tLGi 
Where G, is the interphase free energy and a is the aspect ratio of ribbon. 
The free energy of the cylinder can be defined as: 
G2=27triLGi 
= 2n\—I—tLG• 
V Jt 4 ' 
For cylinderization to occur, the free energy of the cylinder should be lower than the free 
energy of the ribbon to provide the driving force for transformation. This requires that 
G2<Gi, or: 
fa i~ 
2nJ—h —tLGj < (2a + 7t)tL,Gi 
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By squaring both side of this equation, it can be derived that: 
47t2(o/7T+ l/4)<4a2+4jta+7t2 
This finally leads to 0<4a2, which is always true since a can not be zero for a ribbon. This 
confirms that G2<G% when there is no boundary in the ribbon. A ribbon without boundaries 
will eventually evolve into a cylinder. The smaller the aspect ratio, the less time it will take 
for cylinderization. However, when the aspect ratio is large and there is a boundary in the 
ribbon, cylinderization will take a longer time, and other mechanisms such as boundary 
splitting or edge spheroidization will dominate. 
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APPENDIX B 
Thermodynamics of boundary splitting of ribbons 
As shown in Figure 10, a ribbon with a boundary changes its shape into two cylinders by 
boundary splitting. The volume of the ribbon can be written as: 
Vi=(wt+7rt2/4)L 
The volume of the two cylinders can be written as: 
V2=27cr22 L 
Volume conservation (Vi=V2) and a = w/t leads to the cylinder radius r2 
The free energy of the ribbon can be defined as: 
Gi=2(w+7Ut/2)LGi+tLGb=(2a+7t)tLGi+2cos(|)tLGi 
=(2a+rc+2cos(|))tLGi 
Where G; is the interphase free energy, G% is boundary free energy, (|> is dihedral angle 
(2cos(|)=Gb/Gi) and a is the aspect ratio of ribbon. 
The free energy of the cylinder can be defined as: 
G2=4ra-2LGi 
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For boundary splitting to occur, the free energy of two cylinders should be lower than the free 
energy of the ribbon to provide the driving force for transformation to occur, which means 
G2<Gi, or: 
The above equation can be simplified as: 
(8m+27u2)l/2<(2a+Jt+2cos(t)) 
Since the dihedral angle <|> can only range from zero to 90 degrees, the value of 2cos<|> ranges 
from 0 to 2.1 If we can prove that (87ca+27t2)1/2<2a+7c, it will certainly meet the requirement 
that (87ta+27U2) 1/2<(2a+7t+2cos(|)). For (87ta+27t2)1 /2<2a+7t, it can be derived that: 
8jua+27C2<4a2+47ta+7t2 
This leads to: 
This means that boundary splitting will occur when the ribbon aspect ratio (a) is larger than 
3.79. A ribbon with boundaries will eventually split into cylinders when the aspect ratio is 
large enough. The larger the aspect ratio, the more easily the splitting will occur. 
a 1 4k J 1—tLGj < (2of+k-\- 2 cos (p)thGl 
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Abstract 
A powder mixture of 80% vol. A1 and 20% vol. Sn was heavily deformed by extrusion 
and swaging to form a composite consisting of Sn filaments in an A1 matrix. The fiber 
texture was determined by orientation imaging microscopy to be <100> for the A1 and <001> 
for the Sn. The Sn phase deformed into a convoluted ribbon shape; a microstructure which 
has usually been attributed to texture of the filaments constraining their deformation to plane 
strain. Texture in a Sn filament deforming at room temperature is unlikely to limit Sn to a 
plane straining mode, which suggests that a different mechanism may be producing the 
ribbon-shape of these filaments. The 290 MPa ultimate tensile strength of the composite was 
greater than the rule-of-mixtures prediction. Comparisons are made with Al-Nb, Al-Ti and 
Al-Mg deformation processed metal metal composites and to various strengthening models 
for metal-metal composites. 
1. Introduction 
Severe mechanical deformation of a two-phase metallic microstructure will co-deform the 
two phases by approximately equal amounts if their flow stresses are not greatly different. 
The Deformation-processed Metal Metal Composites (DMMC's) that result from such 
processing often display high strength and high electrical conductivity [1], Since the 
filamentary microstructure is formed within the composites during deformation, these 
composites are sometimes called in-situ composites. DMMC's are made by preparing 
starting billets by ingot casting or by powder metallurgy followed by rolling or by 
axisymmetric deformation such as extrusion, swaging, and wire drawing. After extensive 
deformation, elongated lamellae (from rolling) or filaments (from axisymmetric deformation) 
form parallel to the deformation direction. 
Most of the earlier studies on DMMC's were conducted on composites with a face 
centered cubic (FCC) matrix containing 10 to 30 volume percent of a body centered cubic 
(BCC) reinforcing second phase. Cu-X systems (where X is a BCC metal such as Nb, Ta, Cr, 
W or Fe) [2-5] have been the most thoroughly studied. Bevk, Harbison, and Bell [2] first 
reported a Cu-Nb DMMC in the 1970's that was intended to serve as a precursor material for 
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production of superconducting wire. A Cu-18vol%Nb DMMC was made with an ultimate 
tensile strength of 2200 MPa at a deformation true strain of 11.5. This strength level is as 
high as the best Cu whisker strengths. A deformation true strain parameter, Ti=ln(Ai/Af), was 
used to characterize the degree of deformation, where A; and Af are the specimen's initial and 
final transverse areas respectively. In Cu-X DMMC's, the BCC second phase developed a 
<110> fiber texture that limits the deformation of the second phase to plane strain [1,2]. As a 
result, the typical microstructure of FCC/BCC DMMC's is a convoluted, ribbon-shaped 
second phase embedded in the matrix. 
In addition to the Cu-X FCC/BCC DMMC's, other DMMC's containing hexagonal close 
packed (HCP) metals were reported in the 1990 s. Russell, et alia reported [6,7] that in a Ti-
20%Y DMMC, the Y filaments had a kinked ribbon-shaped morphology similar to that of the 
Nb filaments in the Cu-Nb DMMC's. Both Ti and Y are HCP, and each phase had a 
pronounced < 1010 > fiber texture along the wire axis, which limited slip to plane strain just 
as had been observed with the <110> texture in the BCC phases of Cu-X DMMC's. Other 
DMMC's containing HCP metals have since been reported, including Mg-Ti [8,9], Al-Ti 
[10], and Al-Mg [11]. All HCP phases in these composites showed the same ribbon-shaped 
filamentary microstructure due to formation of a < 1010 > fiber texture. 
With the exception of early studies on Fe - FegC by Embury and Fisher [12], all the 
DMMC's reported in the literature have used matrix and second phase metals with FCC, 
BCC, and/or HCP crystal structures. In this study, an FCC A1 matrix DMMC containing 
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body centered tetragonal (BCT) (3-Sn as the second phase was produced and characterized by 
orientation imaging microscopy and by tensile testing. 
2. Experimental Procedures 
A1 and Sn powders were cold isostatically pressed at 130 MPa after blending to produce a 
green body for extrusion. The A1 powder (99.99% purity) was produced at Ames Laboratory 
by the gas atomization method. The A1 powder had a particle size range of 45-75 |im. Sn 
powder (99.80% purity) with a particle size smaller than 45 |im (-325 mesh) was mixed with 
this A1 powder in a ratio of 80 vol.% A1 to 20 vol.% Sn (subsequently referred to as Al-
20Sn). The 37 mm diameter green compact was put into a Cu can with an outside diameter of 
50.8 mm. The Cu can and compact were soldered shut and evacuated followed by extrusion 
at room temperature through a 25.4 mm diameter die. The sample was water quenched 
immediately after extrusion to remove the heat generated by the deformation. 
The extruded Al-20Sn rod with Cu sleeve was swaged at room temperature to a 
deformation true strain of t| = 3.2 to a diameter of 7.62 mm. At this point the Cu sleeve was 
removed by machining. The bare Al-20Sn was swaged to a diameter of 3.0 mm (rj=4.4). 
The specimen was swaged and wire drawn to smaller diameter with different deformation 
true strain values. Finally, the sample was wire drawn to a diameter of 0.48 mm (q=7.4). 
The deformation was terminated at r|=7.4 due to the small size of the wire. Metallography 
coupons and two tensile specimens were cut from the material at each of the following 
deformation true strains: rj=3.2, 4.4, 5.5, 6.1, 6.4 and 7.4. These specimens were stored at 
108 
room temperature. Since previous study had found that the microstructure of Al-20Sn 
DMMC will gradually spheroidize over long time periods at room temperature, another group 
of specimens was deformation processed with the same procedure, but these specimens were 
stored at 248K immediately after deformation processing to prevent microstructure change 
during storage between experimental steps. 
An Amray 1845 field emission gun scanning electron microscope (SEM) was used to 
observe the Al-20Sn DMMC microstructure and to determine the preferred orientations of 
the A1 and Sn phases in the DMMC by use of orientation imaging microscopy (OIM). 
Metallographic specimens were prepared from the r\=3.2 material for OIM. The 
mechanically polished specimens were electropolished in chilled perchloric acid to remove 
the surface layer deformed by mechanical polishing. OIM specimens were then ion beam 
milled to remove the surface layer reactant products remaining after electropolishing. 
OIM pole figures were acquired using a specimen tilt of 70° and electron beam energy of 
20 kV to produce electron back-scattered Kikuchi patterns that were detected using a TSL 
OIM unit mounted on a field emission Amray 1845 SEM. The respective Euler angles are 
deduced automatically for each pixel in the image, and the corresponding preferred 
orientation pole figures are mapped on the basis of the associated orientation distribution 
function. 
Tensile tests were performed for all specimens with T|<6 following ASTM standard E8-
82. For smaller diameter wires (r|>6), tensile specimens were made by embedding the two 
wire ends into small Cu sleeves with adhesive followed by deforming the Cu sleeves around 
109 
the specimen ends to form grips for tensile testing. All tensile tests were done at room 
temperature. The tensile test strain rates were 1 .Omm/min (for r|<6) and 0.15mm/min (for 
r|>6). 
3. Results and Discussion 
3.1 Microstructure characterization 
Figures 1-2 show the microstructures of Al-20Sn DMMC's at a deformation true strain of 
3.2. As shown in Figure 1, the Sn phase displayed a convoluted ribbon shape in transverse 
section, which is a commonly observed microstructure in DMMC's. When viewed shortly 
after the deformation was performed, longitudinal sections of the material (Figure 2) show 
the Sn phase to be long, continuous filaments. However, for Al-20Sn samples deformed to 
high deformation true strain Cn>5) and stored for a prolonged period (-10 Ms) at room 
temperature, the Sn filaments gradually changed to the partially spheroidized particle shape in 
the T)=6.1 material shown in Figure 3. 
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Figure 1: SEM back-scattered electron micrograph of a transverse section of Al-20Sn 
(T|=3.20). The A1 matrix is gray, and the Sn filaments are white. 
I l l  
Figure 2. Longitudinal section of back-scattered electron SEM micrograph of Al-20Sn 
(r|=3.20) photographed shortly after deformation. The A1 matrix is dark gray, and the Sn 
filaments are light gray. 
Figure 3 Longitudinal section of back-scattered electron SEM micrograph of Al-20Sn 
(r\=6.1) after storage at room temperature for -10 Ms (several months). Note the 
spheroidization of the Sn filaments in comparison to the long continuous fiber shape in 
Figure 2. The A1 matrix is dark gray, and the Sn filaments are light gray. 
Spheroidization of the filaments in the longitudinal direction has been observed in other 
DMMC's after exposure to elevated temperature [13], but has heretofore not been observed at 
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room temperature. Spheroidization is believed to be caused by diffusion and chemical 
potential gradient along the curved Sn-Al interface. Room temperature is nearly 60% of the 
homologous melting temperature of Sn (Tm.pt.=505K), so significant diffusion rates at the 
interface at room temperature are not surprising. This spheroidization behavior in Al-Sn 
DMMC has been described in more detail elsewhere [14]. It is found that there is a critical 
wavelength XCrit=2JcR (R is filament diameter) above which spheroidization will occur. After 
this proclivity for spheroidization was observed, a second piece of the Al-20Sn extrudate was 
deformation processed to r\ = 7.4 in an identical fashion to the first; in this case the material 
was again deformed at room temperature but stored at 248 K when not in use to retard 
spheroidization. Monitoring metallographic examinations and X-ray diffraction analysis 
were performed on this new material during and after the project, to assure that 
spheroidization did not occur in this second specimen and also to verify that the (typically 
sluggish) transformation from (3-Sn to a-Sn did not occur during cold storage. 
3.2 Mechanical properties of Al-Sn composite wire 
Figure 4 shows the effects of deformation true strain on the ultimate tensile strength 
(UTS) of Al-2OSn. Similar to the mechanical behavior of other DMMC's, the tensile strength 
of Al-20Sn composite increased substantially as the deformation progressed to higher true 
strains. 
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Figure 4. The relationship between ultimate tensile strength (UTS) and deformation true 
strain (r|) for Al-20Sn, where r\ is the deformation true strain of the specimen prior to tensile 
testing and UTS is expressed in MPa. The upper plotted line is the exponential function that 
best fits the data, UTS=72.6exp(0.21r|), for Al-20Sn stored at room temperature, and the 
lower curve, UTS=46.2exp(0.22r|), is fitted to the material stored at 248 K. 
A simple rule of mixtures approach usually fails to predict the strength of DMMC's, and 
it fails for the Al-20Sn DMMC as well. The Al-20Sn composite specimens at the larger T| 
levels are much stronger than either pure Sn or 99.99% purity Al. Pure Sn has an ultimate 
tensile strength of only about 12 MPa at room temperature, and Sn does not strain harden 
[15]. At room temperature, Al of 99.99% purity has ultimate tensile strengths of 45 MPa in 
the fully annealed condition (O) and 120 MPa in the fully strain hardened (HI8) condition 
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[16]. Thus, the strain hardening that accompanies the deformation processing of the Al-20Sn 
cannot account for its strength on a rule of mixtures basis. In the many studies that have been 
done to correlate UTS with deformation true strain for DMMC's; an exponential relationship 
has frequently been observed to exist between ultimate tensile strength and deformation true 
strain [17,18]. The Hall-Petch barrier model often provides a good fit to the strength versus 
filament size/spacing of DMMC's. The Hall-Petch model predicts increasing strength as the 
thickness and spacing of the second phase filaments decrease. With the progressively finer 
filamentary microstructure that accompanies increasing rj, the Sn second phase acts as a more 
effective network of barriers to dislocation production and movement in the Al phase. Figure 
5 shows the effects of deformation true strain on the filament spacing and filament thickness 
of Al-20Sn. It is found that: X=31.3exp"°'4lT| and t=7.83exp"°'41n, where À, is filament spacing 
and t is filament thickness. With deformation processing, the filament spacing and filament 
thickness decrease sharply. Further plastic deformation requires generation of new 
dislocations in the neighboring phase by the local stress field produced by dislocation pile-
ups near the phase boundary. As a result, the composite is strengthened. 
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Figure 5. The relationship between filament spacing and thickness and deformation true 
strain for Al-20Sn. 
An interesting finding is that the ultimate tensile strength of Al-20Sn stored at room 
temperature is higher than that of Al-20Sn stored at 248K (Figure 4). Since room temperature 
is about 60% of the homologous melting temperature of Sn, storing Al-20Sn at room 
temperature is similar to more refractory metals being given prolonged anneals at a 
temperature in excess of half of their melting temperatures. Previous studies [18, 29-30] 
show that deformation processing and intermediate annealing of DMMCs at elevated 
temperature improve the material's ultimate tensile strength. This process is different from 
the process of deformation processing followed by annealing, which degrades mechanical 
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strength due to recovery and spheroidization. "Intermediate" means that the annealing is done 
between deformation cycles at different deformation true strain levels. 
Sakai, et al [18, 29] developed a combined process of cold drawing and intermediate heat 
treatment to produce filamentary composite wires of Cu-Ag alloys. When annealed at 
temperatures ranging from 600K to 700K for 1-2 hrs, a Cu-24wt% Ag DMMC with a 
deformation true strain of 5.8 had an ultimate tensile strength of l.SGPa. The improvement of 
strength results from the Cu or Ag precipitates dispersed in the solid solution. Cold 
deformation produces high dislocation densities, and these dislocations provide preferred 
precipitation sites for solute Cu and Ag. Sakai showed that the finely dispersed precipitates 
inhibit dislocation motion in Cu-Ag DMMC's, thereby increasing the strength. Similar 
strengthening has been reported by Hong, et alia [30] for deformation processed and 
intermediate annealed Cu-Nb DMMC's. At equilibrium there is very little solid solubility of 
Cu in Nb or of Nb in Cu, and the strengthening mechanism in Hong's specimens was 
attributed to the fine filamentary microstructure and higher work hardening rate after 
intermediate annealing. The equilibrium phase diagram for the Al-Sn system shows relatively 
little solid solubility of Al in Sn and virtually no solid solubility of Sn in Al. 
For Al-20Sn DMMC stored at room temperature, the initial work hardening rate is high, 
but it decreases at higher deformation true strain levels, presumably due to the familiar 
"saturation effect" for work hardening at high strain levels. However, the fine as-drawn 
microstructure recovers via recrystallization when stored at room temperature for prolonged 
time due to the low melting temperature of Sn. The recrystallization temperature of an Al 
matrix of this purity is only slightly above room temperature, and the prolonged storage times 
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between experimental steps may have allowed at least partial recrystallization of the Al as 
well. As a result, much of the microstructures will return to the "original" state. Once 
deformation resumes after the intermediate anneal, the processes of realignment of the 
filaments and co-deformation of the two metal phases occur afresh, and the work hardening 
rate will be high again, which produces higher strength at the same deformation ratio 
compared to Al-20Sn stored at 248K with no intermediate annealing. 
3.3 OIM Measurements and their relation to strength of the DMMC 
Orientation imaging microscopy analysis of the Al-20Sn composite (rj=3.2) indicated that 
the Al phase had a <100> fiber texture and the Sn phase had a <001> fiber texture (Figures 6 
and 7). A <100> fiber texture is a commonly observed preferred orientation in 
axisymmetrically deformed Al [19]. This orientation makes slip on four members of Al's 
{111}<110> slip system approximately equally likely, so it positions the Al crystals for rapid 
strain hardening similar to the Stage II behavior observed in single crystals of Al deformed in 
tension along the [100] direction. 
A literature search failed to find any reports of a preferred orientation for P-Sn 
axisymmetrically deformed at room temperature; this absence of data is to be expected since 
the rapid recovery and recrystallization of Sn deformed at or near room temperature would 
quickly alter whatever texture is induced by deformation. Although reported recrystallization 
temperatures vary slightly for Sn; all authors report recrystallization at or below room 
temperature [20, 21]. 
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Figure 6. OIM pole figures depicting the <100> fiber texture in the Al phase of the Al-20Sn 
composite. Note that the maximum intensity on the (100) pole figure is displaced 
approximately 15° off the rod axis. 
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Figure 7. OIM pole figures depicting the <001> fiber texture in the Sn phase of the Al-20Sn 
composite. Note that the maximum intensity on the (100) pole figure is displaced 
approximately 10° off the rod axis As would be expected, the (110) pole figure shows a ring 
of lower intensity located around the (100) locus of maximum intensity, and the (111) pole 
figure shows a ring of lower intensity located around the (100) locus of maximum intensity. 
The maximum intensity (8.68) is lower than the maximum intensity seen in the Al pole 
figures (12.77) because the Sn comprises only 20 vol. % of the composite. 
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Duzgun and Aytas [22], Ojima and Hirokawa [23], and Nagasaka [24] report that the 
most commonly observed slip systems in (3-Sn are the (110)[001] and (010)[100], In 
Schmid's equation, 
T=o(cos(|))(cosX) (1) 
T is the resolved shear stress on a slip plane of a crystal subjected to a tensile stress c with the 
slip plane normal vector at an angle of (J) with the tensile axis and the slip direction at an 
angle of X, with the tensile axis. In Sn filaments with a fiber texture of <001>, the resolved 
shear stress (t) would be zero for both the (110)[001 ] and (010)[100] slip systems. This 
might appear to suggest that this fiber texture is a "hard" orientation in which the Sn 
filaments will display unusual strength, analogous to a single crystal of an HCP metal like Zn 
oriented with the (0001) plane perpendicular to the tensile axis. However, that is unlikely to 
be the case for Sn, since it also possesses several secondary slip systems; the {211} and 
{101} planes can both slip in either the or <101> directions at shear stresses only 
moderately higher than the critical resolved shear stresses of the primary slip systems [25]. 
It is clear, then, that the Sn filaments have no "hard" orientation at room temperature and 
are thus unable to make any substantial load-bearing contribution to the Al-20Sn DMMC. 
Although the <001> Sn fiber texture does orient the principal slip systems unfavorably for 
slip on the primary slip systems, several secondary slip systems would be capable of slip, and 
the Sn would be expected to recover and recrystallize almost immediately after deformation 
processing, preventing any meaningful strain hardening. In addition, the well-known 
tendency for twinning in Sn could re-orient portions of the crystal to give the principal slip 
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systems non-zero Schmid factors. For these reasons, it appears that the Sn filaments are 
incapable of carrying substantial loads in the Al-20Sn composite. However, the fact remains 
that the Sn filaments are acting in some manner to raise the strength of the Al-20Sn DMMC 
to more than twice the strength that would be possible for heavily deformed high-purity A1 
containing no second-phase filaments. In the Al-20Sn at r|=7.4, the ultimate tensile strength 
was 290 MPa, whereas high-purity A1 in the fully strain-hardened condition has a tensile 
strength of only 120 MPa. Apparently the primary strengthening contribution of the Sn 
filaments is to serve as barriers for dislocation motion in the A1 matrix. 
As mentioned earlier, most non-FCC second phase filaments in DMMC's assume a 
convoluted ribbon-shape that has always been attributed to the plane strain deformation that 
results when the filaments become textured by deformation processing. In DMMC's where 
both the matrix and the second phase metals are FCC, such as Cu-Ag, the Ag filaments do 
not form the ribbon shape but are instead roughly cylindrical [18]. The texture of the FCC 
Ag filaments in Cu-Ag does not constrain the filament to deform in plane strain, and they 
clearly do not do so. Interestingly, in the case of the Sn filaments in the Al-20Sn DMMC, the 
observed fiber texture does not constrain the filaments to deform in plane strain, yet they still 
have the convoluted ribbon-shape. The reason for the ribbon-shape of the Sn filaments in the 
Al-20Sn DMMC is unknown. The <001> fiber texture of the Sn filaments orients several 
slip systems with favorable Schmid factors to allow the filaments to assume an approximately 
cylindrical shape as they do in Cu-Ag DMMC's, but as Figure 1 shows, a ribbon-shape 
predominates in this material. (Indeed, in a material with as many slip systems as Sn at 
293K, any fiber texture orientation would leave the filaments with a sufficient number of slip 
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systems possessing favorable Schmid factors and low TCRSS to avoid plane strain). This 
peculiar behavior calls into question the long-accepted explanation that texture-induced plane 
strain deformation is the sole cause of the familiar convoluted ribbon shape of the second 
phase filaments observed in so many DMMC's. Perhaps other factors such as anisotropic 
interface energies between A1 and Sn act in the Al-20Sn composite and possibly others. 
Johnson, et alia [26] have shown that nano-scale Sn inclusions in an A1 matrix orient 
themselves with (100)sn parallel to (111)AI and [010]S„ parallel to [211]AI, but it is difficult to 
see how that alignment could be maintained in the microstructure shown in Figure 1 with the 
fiber textures shown in Figures 6 and 7. This question is unresolved and will require further 
study. 
3.4 Comparison to other A1 Matrix DMMC's 
Studies have been made for an Al-20Nb DMMC [27], an A1-20T1 DMMC [28] and an 
Al-20Mg DMMC [11], and comparison of their strength vs. deformation true strain and 
strength vs. filament size and spacing relationships show a similar behavior to that observed 
in the Al-20Sn DMMC of this study. Figure 8 shows the comparison of UTS of different A1 
based DMMC's. The ultimate tensile strength at r|<7.0 for all four DMMC's is relatively 
similar; this is somewhat unexpected since Nb and Ti are inherently much stronger than Sn. 
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Figure 8. Ultimate tensile strength of Al-based DMMC's at various deformation true strains. 
Al-20Nb data from Thieme's paper [27] gives little data at low Ti values, so exponential 
extrapolation is used in Figure 8 to represent the UTS of Al-20Nb at low deformation true 
strains. Regarding Thieme's 1020 MPa value for the Al-20Nb (r|=11.2) UTS, since they used 
commercial ALCAN A1 powder, the alumina content and other impurities were considerably 
higher than the very clean GARS powder that Ames laboratory made; that probably 
contributes substantially to the exceptionally high UTS of Al-20Nb. 
In all of these Al-matrix DMMC's, the main strengthening for î|<7 results from work 
hardening of the A1 matrix. During the initial deformation stage, the A1 matrix undergoes 
work hardening and dislocation multiplication. The second phases (Nb, Mg, Ti) mainly 
undergo re-orientation and plane strain. This might explain the similar ultimate tensile 
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strength of Al-based DMMCs at low deformation true strains. Established models of work 
hardening of pure metal exist to relate strength with dislocation density [31, 32]. 
ts=t0+abGp1/2 (2) 
where To is lattice friction, a is a constant, G is the shear modulus, b is the Burger's vector, 
and p is the dislocation density. 
When r|>7, second phases play a greater role in strengthening, and another strengthening 
mechanism can be applied to explain the mechanical properties of DMMCs. The strength of 
pure A1 reaches a saturation point with increased deformation processing (t]>7), resulting 
from dynamic recovery. At this stage, the dislocation multiplication and annihilation are 
balanced so that dislocation density remains unchanged. The main strengthening is from the 
finely dispersed second phases acting as dislocation barriers and constraining the volume in 
which Frank-Read sources can operate. 
A study by Kelly [33] indicates that plate-shaped or elliptical second phases are more 
effective for hardening composites than equiaxed particles. The second phase of DMMC's 
has a large aspect ratio [34] after deformation, and its cross-sectional area can be treated as 
rectangles. Kelly's model is based on Orowan's dispersion hardening mechanism [35]. The 
shear strength Ta of the second phase can be written as: 
T d  = B  ln[—] 
Z)[l- —C] 
(3) 
and 
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C = lJV^+£~)V,A] 
(4) 
Where B=0.85Gb/2rc(l-v)2, A=D/t, D is filament width, and t is filament thickness. The 
dislocation core radius was assumed to be 1 nm [36]. Vf is the volume fraction of the 
inclusion or second phase. The shear stress needed to move a dislocation in the composite 
can be calculated by using these equations. 
The second phase filaments also undergo deformation and dislocation multiplication. 
Large interphase area and grain boundaries are all dislocation sources. It is assumed [37] the 
distance between dislocations L is equal to the average filament thickness D, which gives: 
where oc=0.5±0.1 for BCC metals. Based on metallography study results, the second phase 
filament thickness can be obtained and used to calculate second phase shear stress. 
The maximum load/stress (amax) can be taken as 2Tmax since fracture always occurred on a 
plane that is 45° from the principal direction. 
Spitzig and Krotz analyzed the tensile strength of Cu-Ta and Cu-Nb DMMCs and found 
that three parameters (deformation true strain, filament spacing, and the modulus of the 
filaments) controlled the strength of DMMCs [38]. It is interesting to note the extent of 
influence each parameter has on the tensile strength. For instance, strength is increased by 
150% when deformation true strain is increased from 5 to 10. Decreasing filament spacing by 
(5) 
By combining this with equation (2), it can be derived that: 
xSn=otGbL"1 (6) 
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half increases strength about 40%. Increasing filament modulus to twice that of Cu increases 
strength by about 20%. Since deformation true strain has the largest effect on strength, many 
researchers correlate strength solely with deformation true strain. 
In addition to the fine filament spacing at large deformation true strains, the modulus of 
the second phase determines the effectiveness of the filaments to inhibit dislocation motion 
[38]. In a two-phase alloy system, the Hall-Petch slope k is mainly determined by the shear 
modulus of the two phases by: 
k= [( 1+K)/( 1 -K)]1/2 (7) 
where K=(G2-Gi)/(G2+G1 ), 0< K<1, and G% and G2 are the shear modulus of the matrix and 
second phase respectively. 
According to modulus values of different materials taken from the literature [39], the K 
and k for Al-based DMMCs were calculated and tabulated in Table 1. Since the Al-Nb study 
of Theime used commercial ALCAN A1 powder with considerably higher alumina and other 
impurities content than the very clean GARS powder that Ames Laboratory produces, only 
Al-Mg, Al-Ti, and Al-Sn DMMC's (which all used high purity Ames Laboratory GARS A1 
powder) are compared here to see the effects of second phases. 
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Table 1. Calculated k value for Al-based DMMC's 
Calculated K Actual K * k 
Al-Mg -0.20 0 1.00 
Al-Nb 0.18 0.18 1.20 
Al-Ti 0.25 0.25 1.29 
Al-Sn -0.17 0 1.00 
* 0 < K < 1  
It can be seen that Al-Ti shows the highest ultimate tensile strength with Ti having the 
largest modulus of 43.8GPa. The higher the filaments' moduli are, the more effective the 
filaments will be as barriers for dislocation motion and the higher the ultimate tensile strength 
will be. This supports the second-phase filaments' role in strengthening DMMC's by 
retarding dislocation motion. 
4. Conclusions 
• Al-20Sn DMMC can be deformation processed to a deformation true strain of 7.4. 
• The maximum ultimate tensile strength of Al-20Sn DMMC is 290 MPa for intermediate 
annealed samples and 203 MPa for samples without intermediate annealing. 
• The higher strength for intermediate annealed samples is thought to result from the 
higher work hardening rate that is possible after intermediate annealing. 
• The fiber texture of Al-20Sn is <100> for A1 and <001> for Sn. 
128 
• Filament thickness and spacing decrease sharply deformation processing progresses, 
producing a fine filamentary microstructure. The second phases act as barriers for 
dislocation motion. 
• The findings of this study are consistent with the previously published assertion that 
deformation true strain and the elastic modulus of the second phase determine the final 
mechanical strength of DMMC's. 
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CHAPTER 7. GENERAL CONCLUSIONS 
1. Al-20Sn composite can be deformation processed to a deformation true strain of 7.41. 
The Sn second phase adopts a convoluted, ribbon shaped filamentary morphology after 
axisymmetric deformation, which may be due to texture effects in the Sn that restrict its 
plastic flow to plane strain. 
2. The Sn second phase partially spheroidizes during deformation along the longitudinal 
direction of the wire. This is thought to be due to the low melting temperature of Sn and 
irregularities in the initial shape of the Sn filaments. 
3. A chemical potential gradient is proposed as the driving force for spheroidization. A 
critical wavelength of Xcrit = 2tuR can be used to determine the spheroidization tendency 
of a Sn cylinder. When X>2tcR, spheroidization is predicted to occur. 
4. The ultimate tensile strength of Al-20Sn composite increases exponentially with 
deformation true strain. The relationship between UTS and deformation true strain is 
UTS=72.6 exp(0.20rt). 
5. Deformation processing causes the convoluted filamentary microstructure. The 
relationship between deformation true strain and filament spacing/thickness is: 
X=31.3 exp (-°'4lT1) 
t=7.83 exp (™°'4|11) 
6. Strength is in inverse proportional to filament spacing. The Hall-Petch and Sevillano 
models can be used to correlate strength with microstructure. 
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7. A barrier model can be used to correlate the strength of DMMCs with interphase 
spacings. In the barrier model, the increasing interfacial boundary area between the two 
metal phases with continuing deformation increases the number of interphase dislocations 
near the interface between the A1 and Sn and the overall dislocation density. The 
difficulty in propagating plastic flow across the metal interfaces controls strengthening. 
8. Sn filaments show thermal instability at elevated temperature or at room temperature at 
prolonged times. A chemical potential gradient resulting from curvature differences is the 
main driving force for atomic transport. Exposure at elevated temperature, ribbon shape 
irregularity, and boundaries also play important roles in thermal instability of ribbons. 
9. The thermal instability mechanisms are cylinderization, boundary splitting, 
spheroidization of cylinders, and edge spheroidization of ribbons. The factors 
determining dominant instabilities are ribbon aspect ratio, boundary free energy and 
interphase free energy (or dihedral angle). 
10. When ribbon aspect is small and there are no grain boundaries within the ribbon, the 
ribbon tends to cylinderize. When ribbon aspect is larger than 3.79, and the dihedral angle 
is smaller than Jt/3 (i.e. boundary energy is relatively larger than interphase energy), the 
ribbon tends to split through thermal grooving. When the ribbon aspect is larger than 3.79 
and the dihedral angle is larger than Jt/3, the ribbon transforms via edge spheroidization 
through edge recession. 
11. The maximum ultimate tensile strength of Al-20Sn DMMC is 290 MPa for intermediate 
annealed samples and 203 MPa for samples without intermediate annealing. 
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12. Intermediate annealing can improve the strength of DMMCs through recovery and 
recrystallization of A1 matrix, which increases hardening rate. This intermediate 
annealing occurs during cycles of deformation processing, which is different from 
traditional annealing that follows deformation processing. The higher strength for 
intermediate annealed samples is due to the higher work hardening rate that is possible 
after intermediate annealing. 
13. The fiber texture of Al-20Sn is <100> for A1 and <001> for Sn. 
14. Deformation true strain and the elastic modulus of the second phase determine the final 
mechanical strength of DMMC's. 
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